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ABSTRACT

Certain nanotwinned metals exhibit superior properties originating from the coherent internal interfaces; how-
ever, the deformation mechanisms responsible for strengthening/softening behavior in nanotwinned ceramics
with covalent bonds are less clear. Here we carry out parametric atomistic simulations to provide insight into
underlying deformations physics and responses of nanotwinned single/nanocrystalline cubic silicon carbide sub-
jected to nanoindentation loading. Our simulations predict superior nanocontact resistance of nanotwinned single
crystals, originating from the lattice dislocation blockage effects of coherent twin boundaries (CTBs), with a clear
dependence on the CTB density. Nanotwinned nanocrystals exhibit an inverse Hall-Petch-like effect when the
average grain size is larger than 8 nm, whereas fine grain size nanotwinned nanocrystals show slightly improved
indentation hardness compared to their twin-free counterparts. We unravel that regardless of the CTB spacing,
grain boundaries, lattice dislocation glide, and CTBs collectively accommodate the imposed plastic strain by the
indenter in the nanocrystalline substrates with large grain sizes; however, with a decreasing grain size, the con-
tributions by lattice dislocations and CTBs become limited. Our results also show that lattice dislocation-CTB
interactions and transmission mechanisms, i.e. nucleation of twinning partial dislocations and formation and
annihilation of point defects at CTBs, are insensitive to test conditions such as temperature, indentation speed,
and indenter size. However, with decreasing CTB spacing, twinning dislocation occurs via dissociation and prop-
agation of mostly Shockley partials rather than Frank partials trapped at CTBs. The structure-property findings
in this study render unique insights to design novel nanotwinned silicon carbide nanostructures with improved
indentation mechanical properties and high plasticity.

1. Introduction

high ductility in certain nanotwinned metals [12], the strengthen-
ing/softening mechanisms in nanotwinned ceramics are less clear since

Nanotwinned metallic materials have attracted considerable interest
over the last decade following the discovery of their much higher hard-
ness and strengths compared with their twin-free counterparts [1]. In
fact, strengthening polycrystalline metals by reducing grain size, known
as the Hall-Petch effect [2,3], originates from the smaller length of
the dislocation pile-up and so the lower internal stress exerted on the
leading dislocation in front of grain boundaries (GBs) [4,5]. For twin
boundaries (TBs), the twin thickness also exhibits a “Hall-Petch-like”
effect in that the maximum strength of the nanotwinned nanocrystal is
reached at 2 nm [6] or 15 nm [7]. TBs, however, might lower the yield
strength of some metals, e.g., Pd [8] and W [9-11] as they can pro-
vide nucleation sites for dislocations or migrate during the deformation
process.

While interactions amongst dislocations, TBs, and GBs are known
to be the underlying mechanism of simultaneous high strength and
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dislocation activities are less pronounced in ceramics owing to their
strong covalent or ionic bonding [13]. Indeed, there is a scarcity of re-
search on the nanotwinned ceramic materials subjected to various forms
of loadings. Recent experiments reported that synthetic nanotwinned di-
amond with an average twin thickness of 5 nm exhibits ultra-high Vick-
ers hardness and fracture toughness up to 200 GPa and 14.8 MPam'/2,
respectively [14]. It is believed that the presence of ultrafine nanotwins
introduces extra hardening to diamond, which is probably due to both
the Hall-Petch and quantum confinement effects at the nanoscale, while
gliding of dislocations along densely distributed TBs enhances fracture
toughness of diamond [14]. Under indentation loading, molecular dy-
namics (MD) studies have revealed that the conventional Hall-Petch
strengthening due to TBs blocking dislocation motion may result in the
hardening of the diamond, while the softening could be attributed to
the formation and movement of the dislocation loops parallel with the
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surface and the breakage of TBs, which may serve as new sites for dis-
locations nucleation [15].

Nanotwinned cubic boron-nitride (cBN) ceramic with a twin thick-
ness down to 3.8 nm has shown a superior combination of extremely
high Vickers hardness (exceeding 100 GPa) and large fracture toughness
(>12MPam!/2) [16]. Ab initio density functional theory (DFT) calcu-
lations reveal that such a high hardness of nanotwinned ¢BN might be
related to the high energy barrier for Shockley partials, which may dom-
inate plastic deformation in ¢cBN [17]. DFT simulations show that the
theoretical shear strength of boron carbide (B4C) hard ceramic can be
exceeded by 11% by imposing nanoscale twins. In addition, the inden-
tation strength of nanotwinned B,C is found 12% higher than that of the
perfect crystal which is attributed to the suppression of TB slip within
the nanotwins due to the directional nature of covalent bonds at the TB
[18,19]. DFT studies also demonstrate that the intrinsic shear strength of
single crystalline boron-rich boron carbide (B;5C,) is higher than that of
single crystalline B,C. But nanotwins in B,3C, lower the shear strength,
making it softer than single crystalline B,C. This reduction in strength
of nanotwinned B,3C, arises from the interaction of the TB with the
C-B-C chains that connect the B,, icosahedra [20]. Moreover, DFT sup-
ported by transmission electron microscopy (TEM) suggests that amor-
phous bands nucleate preferentially at the TBs in boron-suboxide (BgO)
ceramic since the twinned structure has a maximum shear strength of
7.5% lower than that of its twin-free counterpart. It is also found that,
under pure shear deformation, the slip system with the lowest resolved
shear stress is (010)/(001) which transforms 7-BgO to R-BgO. Nonethe-
less, under indentation conditions, the lowest stress slip system alters to
(001)/(110), culminating in icosahedra disintegration and hence amor-
phous band formation [21,22].

As a wide (tunable)-band gap semiconductor, silicon carbide (SiC)
is a very promising ceramic for potential applications in nuclear energy
systems and microelectronics due to its excellent properties of high radi-
ation tolerance, high strength, high thermal conductivity, high chemical
stability, high resistance to shock, low thermal expansion, low density,
high refractive index, and chemical inertness [23]. Accordingly, SiC
is believed to be a potential replacement to leading horse material Si
[24-27] on many applications including micro-/nanoelectromechanical
systems (MEMS/NEMS). SiC exhibits one-dimensional polymorphism
characterized by different stacking sequences of the Si-C bilayers.
The cubic silicon carbide (3C-SiC), as a zinc blende structured SiC,
possesses the highest fracture toughness, hardness, electron mobil-
ity, and electron saturation velocity amongst all SiC polytypes [28].
Compressibility experiments of synthetic periodically twinned 3C-SiC
nanowires show that the bulk modulus can be increased up to 316 GPa,
which is 20-40% higher than 3C-SiC of other morphologies including
micron and nanosized particles, as well as twin-free nanowires [29,30].
MD simulations demonstrate that the critical strain to yielding of the
(111)-oriented 3C-SiC nanowires can be enhanced by twinning, and
the critical stress (yield stress) increases with decreasing TB spacing.
However, the critical stress of the twinned nanowires is found to be
lower than those of the twin-free counterparts [31]. Nanoscale wear
studies of nanocrystalline 3C-SiC using MD show that the GB sliding is
the primary deformation mechanism, which lowers the scratch hardness
relative to the single crystal [32]. It is also suggested that the two-phase
character, i.e. crystalline and disordered, of nanocrystalline ceramics
including 3C-SiC can lead to unusual indentation-induced deformation
mechanisms, in which an interplay and competition between crystalline
intragranular and disordered intergranular responses take place [33].
A few other MD simulation studies of thermal transport [34,35] and
radiation effects [36-41] in 3C-SiC substrates encompassing either TBs
or GBs have also been reported in the literature.

In spite of the aforementioned studies of 3C-SiC ceramic, the
role of nanoscale twins in deformation mechanisms of the sin-
gle/nanocrystalline 3C-SiC in nanoscale contact mechanics problems
has not been as rigorously examined, although some progress about
the nanotwinned 3C-SiC nanocrystals subjected to uniaxial deforma-
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tion has been achieved [42]. 3C-SiC MEMS/NEMS [43] are often sub-
jected to localized contact loading of surface atoms. Of the wide vari-
ety of characterization techniques, nanoindentation is one of the most
rigorous approaches to gaining information about local material prop-
erties, as well as fundamental deformation mechanisms [44, 45]. In this
context, MD simulations of nanoindentation can provide insights by al-
lowing monitoring of nanomechanical response, defect nucleation, and
internal microstructure evolution of the material subjected to mechan-
ical loading. Herein we employ MD simulations to delve into how TBs
affect the nanoindentation deformation properties of nanotwinned sin-
gle/nanocrystalline 3C-SiC ceramic, and to unveil whether/how Hall-
Petch effect is exhibited by strengthening/softening of nanotwinned 3C-
SiC under nanoindentation loading. The influences of the indenter size,
temperature, and indentation speed on the plasticity of twinned 3C-SiC
will also be explored. It is envisioned that the structure-property rela-
tionships obtained in this work can set a framework for design and fab-
rication of nanostructured 3C-SiC samples with enhanced indentation
mechanical properties.

2. Methods
2.1. Crystallographic structure of twins

Understanding the crystallographic structure of TBs at the atomic
scale is indispensable so as to appropriately tailor twins to attain a
proper twin structure and desired properties. A diamond cubic 3C-SiC
lattice comprises two interpenetrating face-centered cubic (fcc) lattices,
thus, the 3 coherent TBs (CTBs) in nanotwinned 3C-SiC lie on {111}
planes, similar to those in fcc metals. According to the lattice structure
of 3C-SiC, three crystallographic structure of twins can be assumed: I)
symmetric Si-Si bonded twin with complete mirror lattices on both sides
of the TB (Fig. 1a), II) symmetric C-C bonded twin with complete mirror
lattices on both sides of the TB (Fig. 1b), III) asymmetric Si-C bonded
twin without mirror symmetry (Fig. 1c). In order to determine the most
energetically stable twin structure of 3C-SiC, we calculate the CTB en-
ergy of these three X3 CTBs and select the one which offers the lowest
energy. The CTB energy can be obtained by finding the difference be-
tween two total energies: the total energy of the supercell containing
CTB (Eyin), and the total energy of the supercell without CTB (E), as
given in Eq. (1)

Erp = (Elwin - E)/Atwin (@)

where A,,;, denotes the area of CTB. Values of Erp and E are calculated
using an open source computer code LAMMPS [46]. Two supercells con-
taining 90,240 atoms respectively — one with a CTB parallel to the X-Z
plane and another twin-free — are built, with periodic boundary condi-
tions (PBCs) applied along the X and Z directions. The calculated CTB
energies, Erp, after energy minimization for diamond 3C-SiC, modeled
by the Vashishta interatomic potential function [47], are summarized in
Table 1, where the asymmetric twin without mirror symmetry (Fig. 1c)
exhibits the lowest CTB energy. Hence, we pursue our MD simulations
of nanotwinned single/nanocrystalline 3C-SiC using this CTB system.
Notice that such CTB system is experimentally achievable [29,30].

2.2. Surface energies

Surface energy is another important property to test since it can af-
fect crack or dislocation nucleation from surface. The surface energy
(E) calculation is similar to the CTB energy calculation, i.e.

E = (Ep—E)/A @

where Eg, and A, respectively, are the energy of the surface block and the
surface area. Table 2 demonstrates the relaxed surface energies of the
(111) plane, signifying that while Si atoms are on the surface, the sys-
tem has low surface energy. According to these results, we select the
3C-SiC substrates with Si atoms on the surface for the nanoindentation
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Fig. 1. Schematic illustrations of atomic arrangements of {111} 3 CTBs in 3C-SiC: (a) Symmetric Si-Si bonded twin with complete mirror lattices on both sides of
the CTB; (b) Symmetric C-C bonded twin with complete mirror lattices on both sides of the CTB; (c) Asymmetric Si-C bonded twin without mirror symmetry.

Table 1
Calculated CTB energy for diamond 3C-SiC.

Twin system

CTB energy (J/m?)

Symmetric Si-Si bonded twin with complete mirror lattices on both sides of the CTB (Fig. 1a)
Symmetric C-C bonded twin with complete mirror lattices on both sides of the CTB (Fig. 1b)
Asymmetric Si-C bonded twin without mirror symmetry (Fig. 1c)

5.0
8.284
0.114

Table 2
Surface energy of the (111) plane for diamond
3C-SiC.

Surface system Surface energy (J/m?)

2.27
15.59

Si atoms on the surface
C atoms on the surface

studies in this work. In fact, our simulations showed that while C atoms
are on the surface, the substrate starts to explode when the indenter is
approaching (but not in contact).

2.3. Details of the MD simulation

Atomic-scale computer simulations of materials such as MD rely on
a prescription of the energy in terms of the atomic positions, which is
often referred to as the interatomic potential. Since the validity of MD
simulation results very much depends on the interatomic potential, pre-
cautions are required when selecting potential function for a specific
system and process [5,9,48-50,87]. In this study, the Vashishta inter-
atomic potential function [47], which makes use of a modified function
of the Stillinger-Weber model [51] for the three-body term, is adopted
to dictate the interactions between atoms within the 3C-SiC substrate as
this interatomic potential well reproduces the generalized stacking fault
energies, cohesive energy, elastic constants, and melting point of 3C-SiC
[47].

The geometrical details and process parameters are given in Table 3.
The atomic structure of the simulated single crystal substrate is aligned
with [112], [111], and [110] orientations along the X, Y, and Z directions,
respectively. The initial nanocrystalline structure is generated from a
Voronoi tessellated structure. Atoms of the substrate are divided into
two zones, namely boundary atoms and Newton atoms. The boundary
atoms at the bottom of the substrate normal to the Y direction are held
rigid to prevent the substrate from shifting whereas the atoms in the
Newton region follow isothermal-isobaric (NPT) dynamics at zero pres-
sure. PBCs are imposed in both X and Z directions to reduce the effects
of the simulation cell size. Velocity Verlet algorithm with a time step
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of 1.0 fs is employed for the time integration of Newton’s equations of
motion.

The substrate is indented by a rigid spherical indenter, and the maxi-
mum indentation depth is equal to the indenter radius. If the ratio of the
indentation depth to the indenter radius is too large, the indented sur-
face shows pile-up effects [52]. Note that the Berkovich tip with rounded
tip radius of up to 50 nm is normally employed in nanoindentation stud-
ies; therefore, it is sensible to expect that the spherical indenter utilized
in this study can produce the analogous plastic deformation generated
by a Berkovich tip prior to substantial influences produced by the pyra-
midal planes [53]. The interaction between the indenter and the sub-
strate is assumed to be purely repulsive. The repulsive force F(r) is given
by F(r) = —=K(r — R)?, where K is the indenter stiffness, r is the distance
between the atom and the center of the indenter, and R is the indenter
radius [54]. In this study, stiffness K is set to 10eV/A3 [55,56]. The
indentation process is performed in a displacement controlled mode by
applying a constant speed to the indenter perpendicularly toward the
substrate [54]. At the beginning of a simulation, the indenter is set at a
distance of 0.5 nm above from the substrate. To relax the randomly in-
troduced GBs before performing nanoindentation simulations, all pairs
of atoms at the GBs whose distance of separation is smaller than 0.9 A
are searched for and one of the two atoms is removed, so that the ab-
normally high atomic density regions at the GBs are eliminated which
aids in minimizing the system energy [42]. Then, energy minimization
is carried out using a conjugate gradient algorithm followed by a dy-
namic relaxation through 30,000 MD time steps under NPT ensemble
to reach the thermal equilibrium state at the target temperature. Sim-
ulation results are visualized and analyzed using OVITO [57], an open
source software in which dislocations are identified by the dislocation
extraction algorithm (DXA) [58]. The DXA algorithm is based on a dis-
crete Burgers circuit integral over the elastic displacement field and is
not limited to specific lattices or dislocation types [27]. The indentation
hardness, H, can be evaluated by the load-displacement curve, and it
is defined as the ratio of load (P) to the projected contact area S, i.e.
H = P/S,where S = (2R — h,)h,, with h_ being the contact depth. Ex-
traction of accurate contact depth is difficult in MD studies, thus the pro-
jected contact area is usually calculated with .S = z(2R — h)h in plastic
deformation region, where h is the indentation depth [59].
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Details of the MD simulation models and the nanoindentation parameters. The asymmetric twin without mirror symmetry
shown in Fig. 1c is used. 4 and d represent the CTB spacing and mean grain size, respectively.

Material systems Single crystal 3C-SiC

Nanocrystalline 3C-SiC

A:1.5,3,6,8,12nm
d: 4,8,15nm4i: 1.5, 3, 6, 8, 12 nm; i<d

Interatomic potential function
Ensemble

Time step

Boundary conditions

Dimension of the substrate
Number of atoms in the substrate
Radius of spherical indenter
Indentation speed

Temperature

Vashishta potential [47]
NPT
1.0fs

~ 25x 25 x 25 nm®

~ 1.5 millions

4, 6, 8 nm

5,10, 50, 100 m/s

10, 300, 600, 1000, 2000 K

Periodic in the X and Z directions, while the boundaries normal to the Y direction are traction-free

3. Results and discussion
3.1. Defect formation in nanotwinned single crystal 3C-SiC

Intense strain gradients and complex stress fields are imposed to the
substrate by the indenter, leading to formation of a complicated defect
network. Fig. 2 renders the defect structure at h= 6 nm, where numer-
ous lattice dislocations are emitted and propagate in the 3C-SiC sub-
strate, with CTBs blocking the dislocation migration within the samples
through dislocation-CTB interactions. A key observation in Fig. 2 is that
in spite of high stress levels and resultant defect formation, the CTBs pre-
serve their integrity. In other words, even closely spaced twins do not
annihilate, e.g., the so-called “detwinning” does not occur, signifying the
nanotwin stability in 3C-SiC under nanoindentation loading. This obser-
vation is in contrast to nanotwinned nanopillars in body-centered cubic
(bcc) W with 4 = 1 nm, where detwinning, exhibited by annihilation of
{112} twin layers as a result of partial dislocations gliding on CTBs, tran-
spired under uniaxial tension and compression loading [11]. Instead, in
the current study, destruction of nanoscale twins under nanoindentation
loading is observed due to collision of indenter with CTBs.

In the following, we first discuss the defect-mediated plasticity in
twin-free single crystal, then elaborate the deformation behavior and
lattice dislocation-CTB interaction mechanisms in nanotwinned single
crystals. The majority of this research work focuses on analysis of the
deformation observed at the temperature (T) of 300 K and indentation
speed of 50 m/s using an indenter with R= 6 nm, with Section 3.3 ded-
icated to perceiving differences obtained by varying the temperature,
indentation speed, and indenter radius.

3.1.1. Twin-free single crystal

Defect formation initiates with the formation of point defects at
h~1.3 nm, followed by the nucleation of perfect dislocations forming a
loop with Burgers vector of b = %[IOI] gliding on the {111} planes (see
Supplementary Movie 1). Note when the compatibility strains cannot be
relaxed by heterogeneous dislocation nucleation, point defects are first
formed beneath the indentation pit. U-shaped half loops b = %(1 10) with
dislocation lines starting and terminating around the indentation region
are generated and expanded at deeper penetration of the indenter yet
they remain pinned to their nucleation sites. As shown in Fig. 3, the first
prismatic loop composed of perfect dislocations with b = %[HO] direc-
tion perpendicular to the plane of the loop is emitted at h~1.8 nm, which
is a result of “Lasso”-like mechanism i.e. glide of the edge component
of shear loop, owing to the indentation stress field, away from the in-
dentation pit while intersection and spontaneous pinching off of screw
components. The observed “Lasso”-like mechanism is different from that
found by Sun et al. [60], where the “Lasso”-like mechanism in 3C-SiC oc-
curred via cross-slip of screw components. In fact, the “Lasso”-like mech-
anism via cross-slip has also been observed in wurtzite structure AIN and
GaN [61], bcc tantalum [53], and hexagonal close-packed (hcp) Mg,
Ti, and Zr [62] subjected to indentation loading. Nucleation of perfect
dislocations and the “Lasso”-like mechanism via intersection and annihi-
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lation of screw components continues to take place during further inden-
tation, leading to the emission of other prismatic loops with b = %[110]

and b = %[TOI]. The loops move away from the nucleation sites into the
substrate interior owing to the far field stress induced by the inden-
ter. The prismatic loops generated in the substrate are ~17-25 nm long
at the stage of pinching off. Intrinsic stacking faults (ISFs) at the sides
of the indentation region pinned to the surface formed by Shockley par-
tials b = %[21 1]land b = é[TTZ] appear and grow at h~2.2 nm. These ISFs
are dragged towards the substrate interior and the associated Shock-
ley partials react with other perfect dislocations forming junction-like
dislocation structure. Also observed is dissociation of perfect disloca-
tions b = %[IIOJ, forming U-shaped half loops attached to the surface,

to Shockley partials b = é[IZI] and b = é[il 1], generating an ISF. As the
indentation proceeds, the emitted dislocations remain pinned yet grow
and accumulate underneath the indenter, where they interact and gener-
ate complex dislocation structures. Reactions among perfect dislocations
under the indentation pit trigger nucleation of a few other partial dislo-
cations with the Burgers vector of b = [010], b = %[IH], and b= é[141],
respectively. In general, perfect dislocations govern the plasticity of
twin-free single crystal 3C-SiC.

3.1.2. Nanotwinned single crystal

As depicted in Fig. 2, CTBs affect the defect network under the in-
dentation pit, i.e. CTBs impede dislocation slip, mobility, and glide, due
to the difference in the slip systems across a CTB, leading to the strong
accumulations of dislocations between CTBs. Fig. 4 shows that the dislo-
cation density rises rather monotonically with indentation depth owing
to the expansion of the plastic region as a result of evolving stress field
beneath the indenter. However, the dislocation density does not reach
a saturation state due to the imbalance of nucleation and annihilation
rates. On the other hand, Fig. 4a confirms that the nucleation rate of
perfect dislocations in nanotwinned 3C-SiC is lower than that of the
twin-free counterpart. Additionally, with the decrease of 4, the density
of partial dislocations increases subject to further plastic strain imposed
by the indenter, attributable to the dislocation interactions with the
CTBs. Apparently, dissociation of perfect dislocations is more marked
in the nanotwinned 3C-SiC with 4 = 1.5 nm, where the density of par-
tial dislocations (3.2 x 10'® m~2) exceeds that of the perfect dislocations
(2.9 x 1016 m™2).

Dislocation-CTB interaction processes in the nanotwinned substrate
with 4 = 12 nm are illustrated in Figs. 5 and 6. A prismatic loop with
b= %[TTO] trapped in the CTB at h~3.8 nm is observed in Fig. 5a. U-

shaped half loops, comprising perfect dislocations gliding in the %[01 1]

and %[TOT] directions, approach and then cross the {111} CTB. These in-
coming dislocations are initially repelled by the CTB due to the atomic
structure of the boundary and the elastic anisotropy of the two crys-
tals forming the CTB [63]. It is seen that when the dislocations reach
the CTB, the dislocation lines become parallel to the intersection line
of the slip plane and the CTB. The two U-shaped half loops gliding
in the %[01 1] first interact, generating a point defect and a dislocation
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Fig. 2. Overall defect network of indented single crystalline 3C-SiC substrate at h = 6 nm. (a) Twin-free, (b) A=12 nm, (c) A4=8 nm, (d) A=6 nm, (e) A=3 nm, (f)
4=1.5 nm. Dislocation lines are colored according to their Burgers vector i.e. blue, green, aqua, and red lines, respectively, represent the perfect, Shockley partial,
Frank partial, and other partial dislocations. Black arrows designate directions of b. (For interpretation of the references to colour in this figure legend, the reader is
referred to the web version of this article.)
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Fig. 3. Formation of prismatic loops as a result of “Lasso”-like mechanism via intersection and annihilation of screw dislocations at h~1.8 nm. Dislocations are
colored based on the dislocation character, with the screw components in red and edge components in blue. (For interpretation of the references to colour in this

figure legend, the reader is referred to the web version of this article.)
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Fig. 4. Evolution of density of (a) perfect and (b) partial dislocations with indentation depth in the nanotwinned single crystalline substrates.

junction with b = %[OTT] and b = é[ZHT] at the CTB. As the indentation
proceeds, the dislocation junction forms U-shaped half loops b = %[OH]
and b = é[4ﬁ], as demonstrated in Fig. 5b. These half loops dissociate
within the CTB plane into Shockley partials b = é[ili] and b = é[le],
and Frank-type sessile partial b = %[T 11], propagating along the CTB. A
partial dislocation segment b = [100] is transmitted across the CTB, as
shown in Fig. 5¢. With the progress of indentation, more Frank-type ses-
sile partials b = %[T 11] nucleate and remain at the CTB. The transmitted
partial dislocations across the CTB may recombine into a perfect dislo-
cation b = %[101], indicated in Fig. 5d. Fig. 6 provides a zoomed view
on the CTB to present the detailed atomic structure of the CTB at the
moment of dislocation interaction and transmission. When the perfect
dislocation is approaching the CTB, the CTB structure is slightly dis-
torted. With increasing indentation depth, and in turn higher resolved
shear stress (RSS) on the CTB plane, the CTB is moved towards the
negative Y direction by two atomic planes, with twinning partial dis-
locations, comprising Frank dislocations and Shockley partials, at the
CTB accompanied by a step, as displayed in Fig. 6¢ and d. The propa-
gation and glide of twinning dislocations along the CTB plane trigger
formation of steps which may eventually initiate CTB migration (in the
direction perpendicular to the CTB) downward by two atomic layers.
A similar mechanism of twinning dislocation has been reported in fcc
metals, which is indeed driven by shear stress parallel to the CTB plane,
rendering a favorable Peach-Koehler force on the twinning dislocations
[64,65].
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It is of note that the U-shaped half loop with b = %[TOT] shown on
the right hand side of Fig. 5a is reflected back and does not dissociate at
the CTB up to maximum indentation depth in our work. However, this
U-shaped half loop is eventually transmitted across the CTB through the
dislocation reactions at the CTB including nucleation of twinning par-
tial dislocations (Shockley partials, Frank-type sessile partials, and other
unknown partials, along with associated steps) confined inside the CTB
and propagating within the CTB. Formation and annihilation of point
defects adjacent to the CTB are also observed before the transmission.
As demonstrated in Fig. 6d and e, lattice dislocations emitted from the
defective CTB at the sites of the steps grow by nucleating an ISF which
is dragged behind. In view of these results, we conclude that the for-
mation of point defects and twinning partial dislocations dominate the
transmission mechanisms in the nanotwinned 3C-SiC. Such an interac-
tion process might be assumed as a stress-driven transmission process
in a perfect diamond lattice.

As illustrated in Fig. 2c, in the nanotwinned substrate with 1=8
nm, the first CTB severely blocks dislocation migration, leading to the
accumulation of dislocations at the first CTB. Among all dislocations
transmitted across the first CTB, only a few marginally interact with
the second CTB yet without any transmission process, suggestive of the
insufficient RSS on the CTB plane to activate twinning partial dislo-
cations. Several point defects, twinning dislocations including Frank-
type sessile partials with b = %(111), Shockley partials b = é(le), and
other partials, e.g., b = %[215] and b= é[ﬁzl], together with steps are
formed within the first CTB, which make it utterly defective. The
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dislocation-CTB interaction and transmission mechanisms for the other
nanotwinned 3C-SiC substrates with smaller A are found to be identical
to the former cases (see Supplementary Movie 2), attributable to the
presence of the same £3 CTB as well as the nature of the incoming per-
fect dislocations. However, with decreasing 4, twinning dislocation oc-
curs via dissociation and propagation of mostly Shockley partials rather
than Frank partials trapped at the CTB. The Shockley partials can expand
along the CTB plane to form half-loops, as seen in Fig. 2e and f. In other
words, if 4 is reduced, the Frank-type sessile partials could become less
prone to nucleation within the CTB plausibly due to high levels of RSS
on the CTB. Note that direct slip transmission of dislocations across the
CTB is not observed in our simulations. In fact, direct slip transmission
in any crystalline materials is rarely observed in atomistic simulations
[66]. Besides, since the indentation direction is perpendicular to the
CTBs, CTB migration does not occur primarily due to the lack of large
enough RSS, although some steps are formed at the CTBs.

3.2. Deformation characteristics of nanocrystalline 3C-SiC

Fig. 7 provides an overview of the dislocation network for some
representative cases of the twin-free and nanotwinned nanocrystalline
3C-SiC at h= 6 nm, where complex dislocation networks at the GBs
and dislocation segments inside individual grains are observed. In this
section, we first describe how plastic deformation transpires in twin-
free nanocrystalline 3C-SiC, covering the effect of pre-existing dislo-
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cations at the GBs, incipient dislocation activity, intergranular and
intragranular deformation mechanisms. We then provide relevant dis-
cussion for the twinned nanocrystalline samples.

3.2.1. Twin-free nanocrystalline 3C-SiC

Fig. 8 shows side views of the twin-free nanocrystalline 3C-SiC sub-
strates before indentation. There exist pre-existing partial and perfect
dislocations at the GBs which are inherently formed during building
nanocrystals. We emphasize that the pre-existing dislocations are in-
trinsic which cannot be removed by dynamic relaxation, energy min-
imization, and high-temperature annealing. The pre-existing disloca-
tions include distinct types of single segments and multiple junctions.
Intriguingly, some of these pre-existing dislocations exhibit starfish-like,
spider-web-like, and ladder-like shapes, featuring a low angle GB. Pre-
existing spider-web-like dislocation network was also observed in poly-
crystalline bec iron [67]. Note that low angle GBs are exhibited by dis-
location network while high angle GBs are not. However, pre-existing
dislocations may exist in both low angle and high angle GBs. The pre-
existing dislocations could act as dislocation sources, and they could
be activated and migrate by overcoming the Peierls stress during the
deformation process. It is realized from Fig. 8 that the density of pre-
existing dislocations is dependent on the grain size, i.e. decrease of den-
sity of pre-existing dislocations with grain size. To quantify the density
of pre-existing dislocations, we define the density of “full” dislocations
as: Full dislocation density = (perfect dislocation line length + (partial
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Fig. 6. (a-d) Detailed atomic structures of CTB in the nanotwinned 3C-SiC substrate with A=12 nm, (e) Side view of the CTB showing the formation of steps and
nucleation of a Shockley partials accompanied by a stacking fault from the defective CTB. D, distortion of the CTB due to the incoming dislocations; S, slip; ISF,
intrinsic stacking fault. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

dislocation line length / 2)) / system volume. Fig. 8d proves that the
density of full pre-existing dislocations decreases from 4.3 X 10'® m=2 to
1.3 x 10'® m~2 in the twin-free nanocrystal when d reduces from 15 nm
to 4 nm. To realize the probable interaction of stress between the pre-
existing dislocations and those dislocations nucleating from the GBs, the
net stress field of pre-existing dislocations in the twin-free samples is es-
timated as Gb/(2z6), where G is the shear modulus (G= 123.7 GPa for
3C-SiC [47]), b is the net magnitude of spatial Burgers vectors, and &
is approximately the distance between the GB dislocation and the lat-
tice dislocation. It should be mentioned that the real net Burgers vector
requires information of the line sense of all dislocations as well as the
crystal orientations of all grains in which each dislocation sits. However,
it is difficult to have this information because most GB dislocations sit
right between two grains. Here, the net spatial Burgers vector can be
a crude first-order estimation for calculating the net stress field of pre-
existing dislocations. In addition, the accurate interaction stress depends
on the interaction distance, yet it would be difficult to have this infor-
mation for each and every pre-existing GB dislocation. Thus, we let §
be the average grain size d in this study. The net stress filed per grain is
estimated to be around 0.14 GPa, 1.48 GPa, and 4.6 GPa, respectively,
for the samples with d= 4 nm, d= 8 nm, and d= 15 nm.

It is worth nothing that the relaxation methodology of the GBs before
performing nanoindentation could influence the density of pre-existing
GB dislocations and mechanical response of material. A dummy nanoin-
dentation simulation on high-temperature annealed twin-free sample
with d= 8 nm, which essentially has a different density of the pre-
existing GB dislocations,4.1 x 10'® m~2, demonstrated that the average
nanoindentation hardness (See Section 3.4) is ~7% higher than that
shown in Fig. 8. This observation indicates that the pre-existing GB
dislocations does not significantly affect the average nanoindentation
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hardness, otherwise the sample with higher pre-existing GB dislocations
might have had lower indentation hardness. The higher hardness arises
from high-temperature annealing which dissipates energy and reduces
the average atomic energy of the system [42,68]. Nevertheless, explor-
ing the effects of initial GB structure is out of the scope of the current
contribution.

Further analysis of dislocation density graph in Fig. 8 unveils a low
level of dislocation activity in the twin-free nanocrystal with small grain
sizes, implying that the plastic strain energy is primarily released by
the GB-associated processes during the indentation. GB-based plasticity
mechanisms, mainly GB sliding, are driven by rotational or translational
strain jumps [69]. GB sliding can affect the total shear stress applied to
the substrate, i.e. it decreases the total shear strain by accommodat-
ing most of the shear strain imposed by the indenter, thus reducing the
transferable amount of strain into the grain interior, leading to low dis-
location activity and mobility inside the grains. However, the GB sliding
effects lessen with increasing grain size.

To gain further insight into the dislocation activity in the grain lying
directly under the indenter, the grain labeled G1 in Fig. 8a is selected
for the analysis. As shown in Fig. 9, some dislocation activities can be
seen at GBs of G1, i.e. repetitive nucleation and annihilation of partial
and perfect dislocations forming triple and multiple junctions at h=0.1
nm. It is observed in Fig. 9c that a starfish-like dislocation structure is
generated at the GB 1-2 at h= 0.7 nm, which is dissociated with fur-
ther progress of indentation. At h~1.3 nm, first lattice dislocation, as
a perfect dislocation, is successfully emitted from the indentation pit,
gliding in the %[ITO] direction. The dislocation nucleation within the
G1 grain initiates at similar h to that in the twin-free single crystal. The
nucleated perfect dislocation forms a half-loop and starts to propagate
until it reaches the GB, which serves as a dislocation sink by absorbing
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Fig. 7. Snapshots showing the dislocation network inside the nanocrystalline 3C-SiC at h = 6 nm, for some representative cases (a-b) Twin-free and nanotwinned
(4=8 nm) samples with d = 15 nm, (c-d) Twin-free and nanotwinned (4= 3 nm) samples with d = 8 nm, (e-f) Twin-free and nanotwinned (41=1.5 nm) samples with
d = 4 nm. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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as a function of the indentation depth.

the dislocation. A perfect dislocation b = %[110] is also nucleated from
the indentation surface, before moving toward and being absorbed by
the GB. Further dislocation emission and propagation occurs in G1 at
deeper indentation depths, which is accompanied by the activation of
some pre-existing dislocation embryos at the GBs. Note that as the in-
dentation proceeds, some of the pre-existing dislocations in the adjacent
grains are activated and slowly grow into the interior of the grains to
reach the opposite GB unobstructedly. In the meantime, some lattice
dislocations are heterogeneously emitted from the GBs in the vicinity of
the indentation region. However, no lattice dislocation nucleation hap-
pens in grains that are far from the indentation pit, where the RSS is
too low to trigger nucleation of dislocations from the GBs. It should be
noted that, similar to the single crystal cases, only perfect dislocations
nucleate in G1. Besides, stacking faults are not found in the grains for the
studied cases, attributable to the limited emission and growth of partial
dislocation slip inside the GBs. Simulations also show that the process of
dislocation nucleation in the twin-free nanocrystals is not considerably
affected by the pre-existing GB dislocations.

Fig. 10a-c shows that there are two coexisting phases in the nanocrys-
talline 3C-SiC, i.e. crystalline intragranular (in blue) and disordered in-
tergranular (in white) phases. The soft disordered phase in GBs could
essentially control the material’s mechanical response [33]. To investi-
gate the relation between the grain size and crystallinity of the nanocrys-
talline substrates, the fraction of disordered intergranular phase is mea-
sured and compared with that of the single crystal. It is observed from
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Fig. 10d that the fraction of disordered intergranular phase increases
with the decrease of grain size, leading to the enhancement of the
plasticity (see Section 3.4). On the other hand, increasing the volume
fraction of GBs triggers the deformation physics to shift to interface-
mediated mechanisms involving interactions among GB sliding and dis-
location plasticity. It can be realized that ~1% of atoms undergo the
transition from crystalline to disordered phase in the substrates with dif-
ferent grain sizes examined in this study. Notably, in the twin-free single
crystal substrate, ~3.5% of atoms experience the transition to the disor-
dered state, giving rise to the dominance of disordering and dislocation
plasticity mechanisms. Another observation is the GB and triple junction
migration between G1 and G2 in the region of highly localized strain un-
der the indenter in the 15 nm grain size sample, as shown in Fig. 10b-c.
This process can facilitate local reorientation of the lattice in the grains.
With the increase of h up to 6 nm, grain coalescence does not occur com-
pletely as G1 and G2 do not undergo a cooperative rotation to generate
a single large grain. Away from the indentation pit, grains preserve their
size and shape as the unindented structure, confirming that intragran-
ular and intergranular mechanisms are confined to the region directly
underneath the indenter, where high compressive and shear stresses are
imposed. GB thickening transpires for the GB 1-4 and GB 3-4, which
is explained by the motion of intragranular atoms nearby the GBs and
transformation to the disordered phase. On the other hand, GB 1-2 and
GB 1-3 become thinner. GB thickening/thinning in the grains adjacent
to the region of highly localized strain can be considered as a ubiqui-
tous deformation mode in nanocrystalline materials [68], suggestive of
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Fig. 9. Incipient of dislocation activity in the grain lying directly under the indenter (G1) for the nanocrystalline substrate with d = 15 nm.

accumulation of some plastic strains in the GBs and local disordered
atoms around the GBs. It should be noted that GB thickening/thinning
is also observed for the 8 nm and 4 nm grain size samples, yet grain
coarsening is not found in these cases either. In particular, the GB thick-
ening increases with decreasing grain size.

Local von Mises shear strain [70] can reflect the relative displace-
ment of atoms, thus, this invariant is adopted to further analyze the lo-
cal deformation history and track the trajectory of atomic deformation
mechanisms. In Fig. 11, the GBs and traces of dislocation slipping pos-
sess relatively high magnitudes of shear strain (in ivory color) as com-
pared to the surroundings. As Fig. 11 illustrates, for larger grains, e.g.,
d= 15 nm and d= 8 nm, the deformation and slip systems are localized in
one or two grains and GBs, which compensate the strain applied by the
indenter. However, in the case of small grain with d= 4 nm, more GBs
cooperate in absorbing the indentation deformation which results in a
wider distribution of shear strain. Fig. 11 suggests that as the mean grain
size decreases, a transition from the dislocation-based to GB-mediated
plasticity occurs. This observation can be considered as an inverse Hall-
Petch effect [71], where intergranular mechanisms dominate the plas-
ticity of the nanocrystalline material. In fact, in a substrate with large
grains (of the order of 8 nm), the intergranular mechanisms, e.g., GB
sliding, GB migration, and GB rotation accompanied by intragranular
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deformation mechanisms, e.g., dislocation slipping activities in multiple
grains, control the plastic deformation of the nanocrystalline material
under the nanoindentation loading. However, in a substrate with small
grains, e.g., 4 nm, the trace of dislocations is absent, as demonstrated
in Fig. 11c. Thus, it can be deduced that the dislocation activity within
nanoscale grains under the indenter decreases with the grain size.

3.2.2. Nanotwinned nanocrystalline 3C-SiC

Inspection of the MD snapshots of the nanotwinned nanocrystalline
3C-SiC with 4 = 1.5-12 nm unveils a stochastic formation and distri-
bution of pre-existing partial and perfect dislocations at the GBs. As
Fig. 12 shows, nanotwinned nanocrystalline with d= 15 nm and vary-
ing A comprises of the lowest pre-existing full dislocation density, i.e.
2x 10" —5x 10'> m~2, among the studied cases, which is in contrast to
that of the twin-free nanocrystal with the same grain size, where the
twin-free nanocrystal with d= 15 nm shows the highest level of pre-
existing full dislocation density. Irrespective of the 4, the density of pre-
existing full dislocations in the twin-free nanocrystal with d= 8 nm and
d= 4 nm is also found to be higher than their nanotwinned counter-
parts. Fig. 12 also evidences that limited lattice dislocation slip tran-
spires in the grains of the nanotwinned nanocrystal with d= 4 nm during
the indentation process, pointing out to the high activity of intergran-
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Fig. 11. Local shear strain distribution in the XY plane in the twin-free nanocrystalline substrates with (a) d = 15 nm, (b) d = 8 nm, and (c) d = 4 nm, respectively,

at h =5 nm.

ular deformation processes. In fact, similar to the twin-free nanocrys-
tals with small grain sizes (of the order of 4 nm), dislocation activ-
ity in nanotwinned small grain nanocrystals is mainly restricted to the
dissociation, nucleation, and annihilation of pre-existing dislocations,
which are far from the high stress zone under the indenter, thus, they
hardly contribute to the plasticity of the substrate. Notice that no spe-
cific trend is found for the density of pre-existing full dislocations as
well as their evolution during the indentation as a function of A. The
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simulation data also demonstrate that the CTB density could affect
the resulting dislocation activity, i.e. the partial dislocation density in
the grains would be higher than that in the twin-free nanocrystals,
in consistent with the observations of the single crystals discussed in
Section 3.1 as well as findings on the nanotwinned nanocrystalline Cu
under uniaxial strain [72].

Fig. 13 provides the microstructure at h= 5 nm where atoms are col-
ored according to their local von Mises invariant shear strain. It is found
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Fig. 12. Density evolution of full dislocations with indentation depth for the nanotwinned nanocrystalline 3C-SiC.

that, regardless of A, GBs, lattice dislocation glide, and CTBs collectively
accommodate the imposed plastic strain by the indenter in the nanocrys-
talline substrates with d= 15 nm, however, with the decrease of d, the
contributions of lattice dislocations and CTBs become limited. Particu-
larly, in the substrates containing large grains, i.e. d > 8 nm, the contri-
bution of CTBs to plastic deformation is more pronounced than that of
the smaller grains, signifying that in highly twinned nanocrystalline mi-
crostructures with a large enough grain (of the order of 8 nm), CTBs can
accommodate a fraction of imposed shear strain thus contributing to the
plasticity. However, in substrates with small grains, e.g., d= 4 nm, CTBs
and lattice dislocations have trivial influence on the deformation plas-
ticity. Simulations suggest that when the grain size is small enough (of
the order of 4 nm), GBs accommodate the majority of strain, meaning
that the GB processes, e.g., GB shear, are the primary plasticity mecha-
nism in this case, which can result in the inverse Hall-Petch effect. This
finding is consistent with the former results of nanocrystalline Cu and
Ni with d= 5 nm, where the plastic deformation were governed by GB
accommodation mechanisms [73,74].

In the nanotwinned nanocrystalline substrate with d= 15 nm and
4 = 12 nm, plastic deformation initiates with the emission of per-
fect dislocations in the high stress region underneath the indenter,
which is similar to the twin-free single crystalline and nanocrystalline
cases. In particular, grains located directly beneath the indenter encom-
pass higher dislocation density than the others, simply because of the
higher levels of imposed stress experienced by the individual grains.

316

Nevertheless, crystallographic orientation of the grain can also affect
the dislocation activity within it. As seen in Supplementary Movie 3,
the motion of a nucleated perfect dislocation from the indentation pit
surface within the grain is blocked by the CTB. In fact, the grain inte-
rior is transected by the CTB, giving rise to inhibiting further dislocation
propagation. The perfect dislocation is seen to glide within the CTB in
the grain and it is dissociated and recombined at the CTB. The perfect
dislocation continues to glide at the CTB, then instead of being trans-
mitted across the CTB, it is reflected back to the grain, before eventually
being absorbed by the opposite GB. However, there exist other perfect
dislocations that are transmitted across the CTB following nucleation
and gliding of twinning partial dislocations confined inside the CTB.
The CTBs are also observed to act as preferred emission pathways for
dislocations nucleated from the intersection of the CTB and indentation
pit, primarily owing to the local high stress concentration, similar to the
sites of the CTB-GB intersections [6]. Further investigations suggest that
such dislocation activities also occur in other nanotwinned nanocrys-
talline substrates with d= 15 nm yet with smaller A.

Supplementary Movie 4 shows the dislocation activity in the nan-
otwinned nanocrystalline substrate with d=8 nm and A=6 nm. As men-
tioned previously, dislocation activity is suppressed in the substrates
with a high density of CTBs, as compared to the twin-free case and the
substrates with a low density of CTBs, indicating that CTBs could act as
obstacles to dislocation nucleation and motion. Moreover, irrespective
of 4, very limited dislocation slip around the indentation pit is observed
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Fig. 13. The microstructures of the nanotwinned nanocrystalline substrates in the XY plane under indentation at h = 5 nm. Atoms are colored according to their
local shear strain, (a) d = 15 nm, A=12 nm, (b) d =15 nm, A=6 nm, (¢)d =15 nm, A=1.5nm, (d)d =8 nm, A=6 nm, (¢) d =8 nm, A=1.5 nm, (f) d = 4 nm,
A=1.5 nm. A one-to-one comparison with the DXA snapshots is carried out to distinguish lattice dislocations from CTBs, both of which are in ivory color.

in the grains of the substrate with d= 4 nm. A closer look at the sim-
ulation results reveals the lack of stacking faults in the nanotwinned
nanocrystalline substrates, similar to the twin-free nanocrystal.
According to the shear strain and lattice dislocation slip analysis, it can
be concluded that during the incipient plasticity in the nanocrystalline
substrates with d > 8 nm, emission/multiplication of perfect dislocations
from the penetrated surface within individual grains occurs, followed by
the contribution of GBs and CTBs to the plasticity, yet, in substrates with
smaller grains, incipient plastic deformation is carried by the GBs sliding
adjacent to the indentation pit.

3.3. Influence of indenter size, temperature, and indentation speed on the
plasticity mechanisms

The nanoindentation responses of materials may be dependent on the
test conditions, e.g., temperature and indentation speed [43,48]. Having
examined the deformation mechanisms of twin-free and nanotwinned
single/nanocrystalline 3C-SiC under nanoindentation loading, we now
turn our attention to unraveling the effect of indenter size, temperature,
and indentation speed on the above-reported plasticity mechanisms.

3.3.1. Indenter size

To study the effects of indenter size, we select the nanotwinned sin-
gle crystal sample with 4 = 3 nm and the nanotwinned nanocrystalline
substrate with d= 8 nm and 4 = 3 nm as the representative cases at
T= 300 K and indentation speed of 50 m/s. The indenter radius varies
from 4 to 8 nm. It is sensible to assume that a large indenter can gen-
erate a large volume stress field, relative to a small indenter, which
could lead to formation of a large defect structure. Fig. 14a—c compares
the defect structure under the indenter at the initial stage of plasticity
for three different indenter sizes. Formation and annihilation of point
defects underneath the indenter occur for all indenter sizes. However,
more point defects are emitted while applying larger indenters. Also,
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the defect structure is found to extend over a larger region than for the
small indenter, consistent with the observations of Knap and Ortiz [75].
Also, the onset of plasticity takes place at lower indentation depth for
the smaller indenter. Further analysis shows that the indenter size does
not affect the dislocation-CTB interaction mechanisms.

Fig. 14d-g depicts the indentation results of the nanotwinned
nanocrystalline using small indenter R= 4 nm, where very few heteroge-
neous dislocation activities in the adjacent grain interior are observed.
A close look at the von Mises shear strain distribution, shown in Fig. 14f,
reveals that the indenter first indents the GB, and the two grains are sub-
sequently crushed apart. Thus, higher shear strains are observed in the
GBs directly beneath the indenter, suggesting that the onset of plasticity
is dominated by the GB-mediated mechanisms. Fig. 14g demonstrates
the indented nanocrystalline sample at h= 4 nm, where traces of a dislo-
cation slip and CTBs are seen. In the case of a larger indenter R= 8 nm,
shown in Fig. 14h-k, more lattice dislocation segments are nucleated
under the indentation pit, however, the von Mises shear strain analy-
sis confirms that GBs and CTBs mostly accommodate the plastic strain;
thus in our simulations, nanoindentation plastic deformation of the nan-
otwinned nanocrystals with d= 8 nm using small and large indenters is
identically dominated by GBs and CTBs, with some contributions from
lattice dislocations.

3.3.2. Temperature

To explore the influence of temperature, twin-free and nanotwinned
single crystals and nanocrystalline samples with d= 8 nm, and 4 = 12
and A = 3 nm, indentation speed of 50 m/s and R= 6 nm are selected.
The temperature varies from 10 to 2000 K. With the increase of tem-
perature, the onset of plasticity, i.e. nucleation of the first dislocation,
is seen to shift to the lower indentation depths regime, confirming the
thermally-activated nature of defect formation. Simulation results of the
twin-free single crystal at 10 K indicate that same “Lasso”-like mecha-
nism of prismatic loop formation via intersection and annihilation of
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screw dislocations occurs at low temperatures. However, formation of
the first prismatic loop takes place at deeper indentation depths at low
temperatures, e.g., at h~2.3, 1.8, 1.7, and 1.3 nm for the temperatures
of 10, 300, 600, 1000, and 2000 K, respectively. In general, the emitted
prismatic loops are ~16-25 nm long at the stage of pinching off. It can
be assumed that the “Lasso”-like mechanism of prismatic loop forma-
tion via intersection and annihilation of screw dislocations is associated
with the augmented dislocation nucleation and mobility at higher tem-
peratures owing to the increased thermal fluctuations assisting in over-
coming the activation energy barriers. In fact, at higher temperatures,
dislocations loops are seen to have higher mobility and glide further
into the substrate. A few small-sized ISFs are observed to form around
the indentation pit at 10 K, attributable to the very limited dissociation
of perfect dislocations at low temperatures. Nevertheless, at higher tem-
peratures, perfect dislocations are more prone to dissociation, leading
to the successive emission of partial dislocations leaving behind numer-
ous ISFs around the indentation region. An interesting observation is
the formation of ISFs, surrounded by Shockley partials, within the pris-
matic loops which grow as the indentation advances, as shown in Fig.
15. This mechanism is observed at temperatures higher than 1000 K in
our simulations.

As shown in Supplementary Movie 5, prismatic loops comprising
of two or three ISFs are emitted in the nanotwinned single crystalline
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substrate with A = 12 nm at T= 1000 K, which are absorbed by the CTB.
Similar nucleation process and formation of prismatic loops and ISFs
can be found at T= 2000 K. Further analyses show that dislocation-CTB
interactions and transmission mechanisms at high temperatures are
akin to those of low and room temperatures, i.e. nucleation of twinning
partial dislocations and formation and annihilation of point defects at
the CTB. More importantly, no direct transmission takes place at high
temperatures, suggesting that direct slip transmission mechanism is not
temperature-dependent. However, more lattice dislocations are trans-
mitted across the CTB at high temperatures, which is a direct result of
more intensive dislocation activity and mobility at high temperatures.
In our simulations of nanotwinned single crystalline substrate with

= 12 nm, the density of transmitted full dislocations rises up to
approximately twofold while increasing the temperature from 10 K
to 2000 K, e.g., 3.6 x 10" m~2 at 10 K to 6.7 x 10" m~2 at 2000 K.
Supplementary Fig. S1 shows the evolution of full dislocation density
for the representative cases of twin-free and nanotwinned single crystals
with 1 = 12 nm and 4 = 3 nm at different temperatures. It can be seen
that the influence of CTBs on dislocation density is more pronounced
at low temperatures, e.g., 10 K, implying the high effectiveness of
CTBs in dislocation blockage at low temperatures. Moreover, although
thermally-activated dislocation processes can increase the dislocation
density in the substrate, dislocation emission is a mechanically-driven
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Fig. 15. Snapshots showing the formation of ISFs, surrounded by Shockley partials, within the prismatic loops in the twin-free single crystal at T=1000 K.

process requiring a minimum critical stress. It appears that at high
temperature of 2000 K, this critical value is not achieved primarily due
to the thermal softening mechanisms owing to the increased atomic
displacements and interatomic distances [25,26,76]. Our simulations
also indicate that nanoscale twins are stable even at high temperatures
and detwinning does not take place. However, as a consequence of
the thermally-activated dislocation nucleation processes, more lattice
dislocations nucleate and propagate, leading to accumulation of more
twinning partials which could affect the coherency of CTBs.

Analysis of density of full dislocations of twin-free and nanotwinned
nanocrystalline samples with d= 8 nm and A = 3 nm, presented in Sup-
plementary Fig. S2, indicates that the density of pre-existing disloca-
tions residing at GBs in the twin-free nanocrystals is generally higher
than those of the nanotwinned samples at the same temperature. Fur-
thermore, the density of pre-existing dislocations increases with temper-
ature, except that at the highest temperature of 2000 K plausibly due to
the annihilation of dislocations at GBs during dynamic relaxation as a
result of the high kinetics of dislocations. Supplementary Fig. S3 demon-
strates that some pre-existing dislocations located around the indenta-
tion region slightly grow and propagate, with a few dislocations emitted
from the indentation surface. Thus, as discussed in Section 3.2, inter-
granular mechanisms along with some limited intragranular deforma-
tion mechanisms govern the plastic deformation of twin-free nanocrys-
talline sample with d= 8 nm at low and high temperatures. Note that at
high temperatures of 1000 K and 2000 K, a few ISFs are formed in the
grain in the twin-free samples, which may improve their plasticity. In
the case of the nanotwinned samples, CTBs also cooperate to accommo-
date the plastic strain at different temperatures.

3.3.3. Indentation speed

To examine the effects of indentation speed, nanotwinned single
crystals and nanocrystalline samples with d= 8 nm and 4 = 3 nm,
T= 300 K and R= 6 nm are selected. The indentation speed varies from
5 to 100 m/s. As shown in Supplementary Fig. S4, at low indentation
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speeds, e.g., 5 and 10 m/s, nucleation and propagation of lattice dislo-
cations in the nanotwinned single crystals are more homogenous than
those of higher indentation speeds. The dislocation density increases
with increasing indentation speed, as a result of a higher dislocation
mobility. Nucleation of Shockley partials at the early defect-nucleation
stage is seen to be more prevalent at lower indentation speeds. A de-
tailed analysis of the evolving dislocation structure under the indenter
uncovers that the onset of plastic deformation is delayed at higher in-
dentation speeds, e.g., the initial nucleation of lattice dislocations occurs
at h~1.29 nm at the indentation speed of 5 m/s, whereas it transpires at
h~1.39 nm for 100 m/s. It is also found that the dislocation transmission
mechanism across the CTB is independent of the indentation speed.
Supplementary Fig. S4 also illustrates the density of full dislocations
and defect structure of the nanotwinned nanocrystalline sample with
d = 8 nm and A= 3 nm obtained at different indentation speeds. Due to
the activity of pre-existing dislocations at GBs and stochastic nature of
lattice dislocation nucleation, no specific trend correlating the indenta-
tion speed with the dislocation density can be found. The full dislocation
density varies between 1.3 x 10! m~2 and 1.9 x 10'6 m~2 for the studied
indentation speeds. The variation of the dislocation density during in-
dentation is found to be the lowest at the highest indentation speed of
100 m/s, which is of the order of 3.2 x 10! m~2. A close look at the
dislocation nucleation process around the indentation pit shown in Sup-
plementary Fig. S4g-n indicates that the slip activity is very limited for
all cases, however, it is marginally higher at the lower speeds. It can
therefore be inferred that GB and CTB accommodation processes along
with low dislocation activity mainly control the plasticity at low inden-
tation speeds up to 50 m/s, however, at higher speeds, i.e. 100 m/s, the
contributions of GB sliding and CTB migration are more pronounced.

3.4. Nanoindentation hardness of single and nanocrystalline samples

To determine the overall response of nanotwinned single crystals,
the indentation load-displacement curve is plotted and the average
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hardness H is calculated over the 3-6 nm indentation depth, where
the dislocation-CTB interaction has already occurred in the substrates,
and the values of H have reached a steady state. Fig. 16a shows the
indentation load-displacement curves of the twin-free and nanotwinned
single crystalline samples, where there exist numerous drops or fluctua-
tions associated with various plastic deformation mechanisms. As shown
in Fig. 16D, the “pop-in” event for the twin-free and nanotwinned single
crystals is seen at h~1.3 nm, corresponding to the initiation of disloca-
tion activity. However, there is a slight effect of the CTB density on the
pop-in load, i.e. high CTB density samples with A=3 nm and A=1.5 nm,
have lower pop-in load up to ~4.3% than that of the twin-free substrate,
implying a reduced elastic deformation stage. This observation suggests
that the high density of CTBs may marginally decrease the minimum
critical stress for the incipient of plasticity. Fig. 16b also indicates that
all curves are overlapped in the elastic regime except for the high CTB
density sample with 1=1.5 nm, pointing out to the fact that very high
density of CTB may lower the Young’s modulus of the nanostructured
ceramic materials.

The indentation hardness-displacement curves and the averaged
hardness with respect to A are given in Fig. 16a and 16c, respectively.
The average hardness of the nanotwinned single crystals is up to ~2.6%
higher than that of their twin-free counterpart, which can be attributed
to the dislocation blockage effects of the nanotwins. In addition, the
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indentation hardness exhibits a clear dependence on the underlying
CTB density. On the other hand, CTBs can impose both strengthening
and softening effects. We interpret this distinct behavior as: dislocation
blockage for the low CTB density, e.g. nanotwinned sample with
4 = 12 nm, can impose strengthening effect, leading to the increase
of hardness, yet in the nanotwinned substrate with A = 8 nm, a higher
density of dislocations at the first CTB culminates in a highly-defective
CTB which in turn reduces its dislocation blockage effect. As for the
nanotwinned 3C-SiC substrate with A = 6 nm, the first nanoscale twin
under the indenter is destroyed by the indenter leading to further soft-
ening. Nevertheless, when 1 is further decreased, the indenter is almost
always in contact or very close to a CTB and so the blockage effect exists
persistently, which can compensate the softening effects arising from de-
fective and destroyed CTBs. By and large, a complex interplay among
CTB-induced dislocation blockage and softening effects of defective and
destroyed CTBs determines the strength of the nanotwinned 3C-SiC sub-
jected to nanoindentation loading. It can be deduced from the above dis-
cussion that to benefit the strengthening effects of nanoscale twins in the
single crystalline 3C-SiC ceramic subjected to nanoindentation loading,
the location of first CTB should be optimally chosen. In the future, we
will explore samples with non-uniformly distributed CTBs to specifically
quantify the influence of the first CTB location on the nanomechanical
response of 3C-SiC ceramic.
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It should be mentioned that the room temperature indentation hard-
ness of single crystalline 3C-SiC (100) tested by Berkovich indenter with
the radius of ~100 nm, as grown by a hot-wall chemical vapor deposi-
tion (CVD) process, is 31.2 =+ 3.7 GPa [77]. Considering the indenta-
tion size effects, indentation speed, morphology of the substrate, higher
hardness on the (111) orientation than (110) and (001) [78], the inden-
tation hardness of twin-free single crystalline 3C-SiC obtained in our
simulations, i.e. ~38.6 GPa, is in agreement with the experiment.

The resulting average values of the indentation hardness for the twin-
free nanocrystalline 3C-SiC are presented in Fig. 17. Clearly, nanocrys-
tals have lower indentation hardness compared to the single crystal, and
the hardness decreases monotonically with the decrease of the grain
size, signifying that GBs under indentation induce a pronounced soften-
ing effect, known as the inverse Hall-Petch effect. A feasible physical
explanation for this trend would be the decrease of the volume frac-
tion of crystalline phase as well as the increased portion of the GB-
mediated deformation mechanisms in the substrates, as discussed in
Section 3.2. Our results agree with the MD observations of Szlufarska
and colleagues [32], who found that single crystalline 3C-SiC exhibited
a higher scratch hardness compared to the nanocrystalline sample with
d= 5 nm, which was explained by the additional deformation mecha-
nisms via GB sliding in the nanocrystal. Higher indentation hardness of
single crystals compared to their nanocrystalline counterparts has also
been reported in atomistic simulations of Ni [79], Cu [80] and Au [81].
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Lower shear strength of nanotwinned B;3C, [20] and BgO [21] ceramics
compared to the perfect structure has been observed. It should be noted
the indentation hardness of CVDed polycrystalline 3C-SiC under a C3Hg
atmosphere is 33.5 + 3.3 GPa [77], and that of the pulsed laser deposited
nanocrystalline SiC films under a CH, atmosphere is 32.6-37.3 GPa
[82]. On the other hand, the microhardness of polycrystalline 3C-SiC,
grown by activated reactive evaporation, is 17.2-36.1 GPa [83]. It is in-
ferred that a wide range of hardness has been reported [77,82,83] for the
poly/nanocrystalline 3C-SiC, attributable to the morphology of the sam-
ples. Experimental studies show that, aside from the crystalline fraction
of nanocrystalline 3C-SiC, the composition of the disordered phase resid-
ing in GBs plays a crucial role in determining the hardness of the 3C-SiC
films. For instance, higher level of hydrogen content in the disordered
phase of nanocrystalline 3C-SiC film, deposited on molybdenum by the
thermal plasma CVD technique, improves the hardness [84]. The ques-
tion then arises as to how composition of the disordered phase and hy-
drogen content can enhance the hardness of 3C-SiC film. This issue poses
further endeavors which can be pursued using atomistic simulations.
Also, recent TEM analysis of superhard SiC films (H > 40GPa), deposited
on silicon by unbalanced magnetron sputtering technique, indicates
that a nanocomposite structure composed of crystalline nanocolumnar
grains dispersed in an amorphous SiC matrix is the key factor giv-
ing rise to the superhardness. To obtain such nanocomposite struc-
ture, ion bombardment on the film surface during the deposition is re-
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quired [85]. A comprehensive atomistic-based modeling study describ-
ing these nanoscale phenomena remains an open and promising research
avenue.

To elucidate the effect of CTBs on the indentation hardness of
nanocrystalline 3C-SiC samples, the average hardness values are ex-
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tracted from hardness-displacement curves and are shown in Fig. 17.
The graphs suggest that the CTBs within nanocrystalline 3C-SiC can
have a substantial influence on the indentation hardness behavior
arising from the change in the activated deformation mechanisms. Nan-
otwinned nanocrystals with d = 15 and d = 8 nm have lower indenta-
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tion hardness, up to ~6.8% and 2.2%, respectively, than their twin-free
counterpart. In contrast, twinning can slightly increase the indentation
hardness, up to ~0.7%, of 4 nm grain size nanocrystal. We remark that
while with large error bars, the average reported trend is correct. How-
ever, no specific trend can be detected to generalize the effect of CTB
density on the nanocrystalline 3C-SiC. It can be assumed that in the
nanocrystals with d > 8 nm, CTB planes can carry plastic strain, as shown
in Fig. 13, which may impose softening. However, it is not possible to
extend this postulation to the nanocrystals with d = 4 nm, where high
volume fraction of GBs exists and intergranular deformation mecha-
nisms mainly control the plasticity. However, it is likely that high den-
sity of CTBs in small grains limits GB migration and contributes further
to the strengthening. Also, structural characteristics, e.g., GB and triple
junction area distribution along/normal to the direction of nanoinden-
tation loading, can affect the results. Another possible explanation of the
observed stochastic trend in the indentation hardness of nanotwinned
nanocrystalline materials is that in each sample, the grains directly ly-
ing under the indenter could have different crystal orientations, leading
to the slightly different hardness values. However, it was found that the
indentation location, i.e. where the indenter is first applied at the be-
ginning of indentation, e.g., GB or grain interior, does not contribute to
the overall stochastic behavior of hardness observed in our simulations.

It is realized that the nanotwinned nanocrystals with d = 15 nm
and d = 4 nm share some common features in the variation of hard-
ness with 4, e.g., indentation hardness decrease with increasing 4 up
to A=3. In fact, minimum hardness value is obtained at A=3 nm for
both cases. In the nanotwinned nanocrystals with d = 8 nm, the hard-
ness increases with the decrease of A up to 3 nm, although, as men-
tioned above, the hardness values are lower than that of the twin-free
counterpart. These findings suggest that the indentation hardness in the
nanotwinned nanocrystalline 3C-SiC is characterized by a complex com-
bination of grain size, crystalline fraction, density of CTB, dislocation
activity, and crystallographic orientation of grains located directly be-
neath the indenter.

To determine the influence of temperature, indentation speed, and
indenter size on the hardness of nanotwinned 3C-SiC samples, the nan-
otwinned single crystal sample with 4=3 nm and the nanocrystalline
substrate with d = 8 nm are selected as the representative cases. Fig.
18 shows the variation of indentation hardness with temperature, where
the hardness decreases linearly with the increasing temperature, at-
tributable to the thermally-activated and softening mechanisms de-
scribed in Section 3.3. The indentation hardness of the nanotwinned
single and nanocrystalline samples, respectively, is found to decrease
by ~88% and ~97% when the temperature increases from 10 to 2000
K, suggesting that the temperature effects are more pronounced for the
nanotwinned nanocrystalline samples. As Fig. 18 demonstrates, the in-
dentation hardness increases with the indentation speed, however, a
slight decrease can be seen for the nanotwinned nanocrystalline sample
while increasing the indentation speed from 50 to 100 m/s, which may
be attributed to the improved GB sliding at high indentation speeds. As
expected, increasing temperature or decreasing the indentation speed
lowers the onset of plasticity of the nanotwinned single crystals, i.e. pop-
in load reduces by ~29% and ~32% when decreasing the indentation
speed from 100 to 5 m/s or increasing the temperature from 10 to 600
K, respectively. Note that at higher temperatures the pop-in event was
not detectable due to the intensified waviness of the load-displacement
curve caused by the enhanced kinetics. Also, in nanocrystals, a smooth
transition from elastic to plastic deformation takes place in the sim-
ulations thus pop-in excursion was absent on the load-displacement
graphs. Fig. 18e shows a decreasing hardness with increasing indenter
radius, confirming the indentation size effect (ISE) for spherical inden-
tation [86]. This reduction is linear for the nanotwinned single crys-
talline sample whereas in the nanocrystalline counterpart the hardness
first decreases marginally then experiences a sharp drop. It can be as-
sumed that increasing indenter size greater than the mean grain size
of the sample would culminate in shifting the deformation mechanisms
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from intragranular to intergranular plasticity, e.g., enhanced GB sliding,
leading to the improved plasticity. Such effect can be perceived when
using the indenter with R = 8 nm. The indentation hardness of the nan-
otwinned single and nanocrystalline samples, respectively, decreases by
~9.5% and ~17.5% when the indenter radius increases from 4 to 8 nm,
indicative of higher ISE in the nanocrystals. By comparing the hardness
results, it is inferred that nanocrystalline samples are more affected by
the test conditions.

4. Conclusions

In the present work, large-scale MD simulations were carried out to
characterize deformation mechanisms and nanomechanical responses of
twin-free and nanotwinned single/nanocrystalline 3C-SiC ceramic sub-
jected to nanoindentation loading. Key conclusions are as follows:

1- Mechanisms responsible for the lattice dislocation transmission
include nucleation of twinning partial dislocations and forma-
tion/annihilation of point defects at CTBs, which are independent
of certain parameters such as temperature, indentation speed,
and indenter size. The presence of a high CTB density triggers
the twinning dislocation mechanism to shift from dissociation
and propagation of Frank-type sessile partials to Shockley par-
tials forming half-loops within the CTB.

In highly twinned nanocrystalline nanostructures with a large

enough grain (of the order of 8 nm), CTBs can accommodate a

fraction of imposed shear strain thus contributing to the plastic-

ity; however, in substrates with small grains, CTBs and lattice
dislocations have trivial influence on the deformation plasticity.

3- “Lasso”-like mechanism of prismatic loop formation via intersec-
tion and annihilation of screw dislocations is associated with the
augmented dislocation nucleation and mobility at higher temper-
atures. High temperature also prompts formation of ISFs within
prismatic loops in the twin-free and nanotwinned single crystals.
The influence of CTBs on dislocation density is found to be more
pronounced at low temperatures, implying the effectiveness of
CTBs in dislocation blockage at low temperatures.

4- GB and CTB accommodation processes along with low dislocation
activity mainly control the plasticity at low indentation speeds;
however, at higher speeds, the contributions by GB sliding and
CTB migration are more pronounced.

5- Twinning can improve the indentation resistance of the single
crystalline substrate, however, the indentation hardness exhibits
a clear dependence on the underlying CTB density. In particu-
lar, as most lattice dislocations accumulate at the first CTB un-
der the indenter, the location of the first CTB plays a key role
in strengthening the substrate. Compared to the single crystal,
nanocrystals have lower indentation hardness, which decreases
monotonically with the decrease of grain size, signifying that GBs
under indentation induce a pronounced softening effect owing to
the increased fraction of disordered intergranular phases and en-
hanced GB-based deformation processes.

6- Twinning can slightly increase the indentation hardness of small
grain size, of the order of 4 nm, nanotwinned nanocrystals, how-
ever, shows an inverse Hall-Petch-like effect for large grain size
nanocrystals. No specific trend is observed to generalize the effect
of the CTB density on the nanocrystalline substrates. Moreover,
for the same CTB spacing, the indentation hardness of nanocrys-
talline samples are more affected by the test conditions than the
single crystals.
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