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The ultra-high strength of nanolaminates arises from the effect of the fine layering on dislocation 
motion. Using atomistic simulations, we investigate the effect of the interface structure on the behavior 
of an edge dislocation driven to glide within a nanolayer of a nanolaminate. Three classes of interface 
structures are studied, including Cu/Nb or Cu/Cu incoherent interfaces and Nb/Nb coherent interface. 
Glide behavior is jerky when the interface is incoherent and composed of discrete misfit dislocation 
arrays. The resistance to glide is non-uniform among parallel glide planes, where planes with intersection 
lines coinciding with misfit dislocation lines experience greater resistances than those that do not. 
Interfaces containing misfit dislocations, which extend from the interface into a glide plane in the layer, 
severely obstruct glide, causing the dislocation to transfer to a parallel plane. Coherent interfaces, while 
posing the least resistance to initiate and promote smooth glide, lead to strain hardening.

Introduction
Nanolaminated materials have been attracting increasing 
attention due to their ultra-high strength and unusually stable 
response to mechanical deformation [1–3], irradiation [4–6], 
elevated temperatures [7], energy storage [8], and magnetic 
fields [9, 10]. Many of the more fundamental studies have 
elected to study bimetal Cu-based nanolaminates as representa-
tive nanolaminated materials, such as Cu/V [11], Cu/Nb [12], 
Cu/W [13], Cu/Ag [14], and Cu/Mo [15] nanolaminates. The 
mechanical properties of these nanolaminates depend strongly 
on the properties of the bimetal interfaces that join adjoining 
layers. When the nanolaminate is strained, these interfaces play 
multiple roles, acting as barriers to dislocation glide and sites for 
dislocation reactions and nucleation [16, 17]. Interfaces can be 
categorized by their atomic structure as being either coherent, 
semi-coherent, or incoherent interfaces [18]. Some incoherent 
interfaces can be described by regular arrays of discrete misfit 
dislocations with distinct Burgers vectors [19–21]. They may 
also contain regularly occurring atomic steps or facets of lengths 

and heights and crystallography, which are associated with par-
ticular arrays of interfacial dislocations [22, 23]. With atomic 
scale or analytical modeling, these structural features have been 
shown to affect the activities of point defects, dislocations, and 
twins near the interfaces [2, 22, 24–27], the shear strength of 
the interface [28–30], and mechanical properties [16, 31, 32].

The dimensions of the individual layer thickness L in the 
nanolaminate can affect the way dislocations move in the layer. 
In particular, for the range of L commonly occurring in most 
nanolaminates, 5 nm < L < 100 nm, the dislocations have been 
proposed and seen to move by confined layer slip (CLS) [33–36]. 
In CLS, the dislocation segment is confined to glide within a 
thin nanoscale layer of thickness L, commonly only an order of 
magnitude greater than the size of its core. The dislocation expe-
riences greater resistance where it joins with the two bound-
ing interfaces than in the interior of the layer, and as such, it 
bows out as it glides. The resistance associated with overcoming 
line tension scales as ln(L)/L [37–39]. Recent CLS models have 
been extended to include a separate contribution arising from 
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the interaction between the interface and interface properties 
[40–42]. However, to date, the contributions of interface struc-
ture to CLS have not been thoroughly investigated.

In this work, we utilize molecular dynamics (MD) simulations 
to investigate the effects of interface structure on the dynamics of 
and resistance to CLS in nanolaminates of face-centered cubic 
(FCC) Cu and body-centered cubic (BCC) Nb. The Cu/Nb nan-
olaminate produced via bulk forming methods is selected as a 
model material. Since it can be made in sufficient sizes suitable for 
most tests, it has been the focus of several studies and shown to 
exhibit excellent structural properties [40, 41, 43, 44], shock resist-
ance [32, 45, 46], and high damage tolerance to ion irradiation 
[47, 48]. To further highlight the effect of interface structure, we 
also repeat calculations of confined glide behavior in Cu/Cu and 
Nb/Nb nanolaminates. The interfaces in the Cu/Nb, Cu/Cu, and 
Nb/Nb nanolaminates are an incoherent {112} Kurdjumov–Sachs 
(KS) interface, a symmetric incoherent twin boundary (SITB), 
and a coherent twin boundary (CTB), respectively. Last, to eluci-
date the effect of a solid interface, we include baseline calculations 
of glide in Cu and Nb thin films with the same thickness as the 
nanolaminates, and in the bulk single crystal of Cu and Nb.

Results
Interface structure and energy

Following the procedure in the Methodology section, four nan-
olaminate models are built, all with the same individual layer 

thickness of L = 5 nm. The first two are single-phase materials, 
where one is a Cu/Cu nanolaminate with a {112} SITB and the 
other is an Nb/Nb nanolaminate with a {112} CTB. The remain-
ing two are Cu/Nb nanolaminates with {112} KS interfaces, one 
with a central Cu layer and another with a central Nb layer. The 
relaxed equilibrium atomic structures of these interfaces are shown 
in Fig. 1. The Cu/Cu SITBs and Cu/Nb {112} KS interface contain 
a network of misfit (or interfacial) dislocations, which have been 
characterized in detail in Refs. [27, 49]. The Cu/Cu SITB has an 
alternating pattern of two parallel arrays, oriented along the [11 0] 
direction, with Burgers vectors b1 and -2b1 on every (111) plane, 
where b1 is a Shockley partial dislocation [49]. The misfit b1 dislo-
cation extends from the interface an intrinsic stacking fault (ISF) 
about 5 Å long on a {111} glide plane in Cu. The Cu/Nb {112} 
KS interface contains three misfit dislocation arrays, with Burg-
ers vectors b1, b2, and b3 [27]. The line orientations of the b1 and 
b2 arrays are parallel and aligned along the FCC[110]||BCC[111 ] 
axis, while that of the b3 array is oriented normal to them, directed 
along FCC[111]||BCC[110]. The b1 misfit dislocation is an edge-
type Shockley partial dislocation, with its Burgers vector directed 
normal to the plane. Due to the low ISF energy of Cu, b1 extends 
an ISF about 9 Å in length into the Cu layer. The Burgers vectors 
b2 and b3 line in the plane of the interface, where b2 is a Frank 
partial (aCu/3) < 111 > and b3 is a full dislocation. This interface 
is also faceted with alternating terrace FCC{111}||BCC{110} and 
FCC{001}||BCC{110} planes. In contrast, the Nb/Nb CTB is, by 
definition, atomically flat and lacking misfit dislocations.

Figure 1:   The atomic configurations of (a) Cu/Cu, (b) Nb/Nb, (c) Cu/Nb, and (d) Nb/Cu nanolaminate systems. FCC, BCC, HCP atoms and those with 
unknown coordination structure are colored by green, blue, red, and gray, respectively. The glide planes in which dislocations could glide in the central 
M layer are indicated by the dashed lines and distinguished by numbers. M and M′ denote neighboring layers of distinct orientations and, in some 
cases, dissimilar materials as well.
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The interfacial energies of the three interfaces are listed in 
Table 1. The interface energy of the SITB in the Cu/Cu nanol-
aminate is 467.8 mJ/m2, lower than the previously reported values 
(591.9 mJ/m2 [50] and 590 mJ/m2 [49]) calculated by the same 
potential. The differences can arise from the choices made on the 
number of rigid body translations (RBTs) and cutoff distances 
used. For example, in Ref. [50], the number of RBTs was 14 and 
of cutoff distances 172. Here, we used a larger number of RBTs of 
100 but a smaller number of cutoff distances of 6. In comparison, 
the density function theory (DFT) SITB energy in Cu is 630 mJ/m2 
[51]. Our work predicts that the CTB energy in Nb is 137.4 mJ/m2, 
while the DFT result is 250 mJ/m2 [51]. Note that DFT calculations 
in Ref. [51] attempted approximately 100 RBTs but with only one 
cutoff distance, for each grain boundary. The {112} KS interface 
energy of Cu/Nb nanolaminate in our calculations is 822.3 mJ/
m2, consistent with the values (820 to 897 mJ/m2) in the previous 
works [27, 52], which used a different potential [53].

Glide planes

After obtaining the interface structure with the lowest interface 
energy, a perfect edge dislocation with Burgers vector b is inserted 
in grain M, as shown in Fig. 8. The method for inserting the edge 
dislocation depends on whether the layer is Cu or Nb. For the 
dislocation in the Cu layer, b = (a0/2) < 110 > , while in the Nb layer 
b = (a0/2) < 111 > , where a0 is the corresponding lattice parameter 
of Cu or Nb. The Cu dislocation is introduced by deleting two 
(11 0) atomic planes and the Nb dislocation by deleting three (111 ) 
atomic planes. After insertion, the system energy is minimized 
again, which causes the (a0/2)[11 0] dislocation in Cu to dissociate 
into two 60◦ Shockley partials with Burgers vectors (a0/6)[12 1] 
and (a0/6)[211 ], respectively. In contrast, the (a0/2)[111 ] dislo-
cation in Nb does not dissociate [54, 55]. Then the stress–strain 
responses are calculated using the methods described in the Meth-
odology section.

The many parallel glide planes, lying within the layers, while 
being crystallographically equivalent, are not equal in their rela-
tionship with the misfit dislocations lying in the interfaces that 
bound the layers. For the Cu SITB in the Cu/Cu nanolaminate, the 
periodic unit spans three glide planes in Cu, as shown in Fig. 1a. 
We use Cu1, Cu2, and Cu3 to denote these planes. All glide planes 
intersect the Cu/Cu SITB interface along a line that coincides with 
the line of a misfit dislocation. We refer to these glide planes here-
inafter as misfit glide planes. The calculations for CLS are repeated 
for all three planes. Likewise, for the {112} KS interface in the Cu/
Nb nanolaminate, the atomic structure repeats every nine planes 

in Cu and eight planes in Nb. Among the three different misfit dis-
location arrays in this interface, two of them, the b1 and b2 arrays, 
are oriented along the FCC[110]||BCC[111 ] axis and, thus, share 
a line of intersection with two glide planes in both Cu and Nb. No 
plane has a line of intersection with the interface that is aligned 
with b3. The nine {111} planes in Cu within the repeating unit 
of the interface are denoted by Cu1Nb, Cu2Nb, …, and Cu9Nb. 
Likewise, the eight {11 0} planes spanning the interface periodic 
unit are designated by Nb1Cu, Nb2Cu, …, and Nb8Cu. As shown 
in Fig. 1c, the two misfit glide planes in Cu are Cu5Nb and Cu9Nb, 
coinciding with b1 and b2, respectively. As seen in Fig. 1d, the two 
misfit glide planes in Nb for these same misfit dislocations are 
Nb3Cu and Nb6Cu.

Following the procedure described in the Methodology sec-
tion, four additional models are built: a dislocation gliding in 
a single crystal in Cu and Nb, denoted as SC-Cu and SC-Nb, 
respectively, and a dislocation gliding between two {112} free 
surfaces in Cu and Nb, designated as FS-Cu and FS-Nb, respec-
tively. In each model, the glide of an edge dislocation on only 
one slip plane is simulated, since all planes are equivalent with 
respect to the atomic structure of their surroundings.

Confined layer slip

Cu/Cu nanolaminate

Figure 2a compares the shear stress–strain curves associated 
with the glide of dislocations on planes Cu1, Cu2, and Cu3 in 
the Cu/Cu nanolaminate, as well as in the reference cases, SC-Cu 
and FS-Cu. It is observed that the stresses to move the disloca-
tions are strongly dependent on the glide plane. Among them, 
CLS on planes Cu1 and Cu3 have similar stress responses, char-
acterized by stress fluctuations around zero (Fig. 2b) over the 
entire straining period. In the early stages of straining, the stress 
amplitudes in Cu3 are approximately 41 MPa, but as straining 
proceeds to the strain of 0.012, they reduce to 8 MPa. Similarly, 
the stress amplitudes in Cu1 are initially 22 MPa but eventually 
reduce to 12 MPa at a strain of 0.009. The peak stress for CLS 
on plane Cu2 is notably six to ten times greater than that for the 
other two glide planes. The Cu2 response involves a long period 
of straining where the stress rises continually to a peak value of 
278 MPa, after which it drops rapidly before rising again.

Next, we analyzed the behavior of the dislocations corre-
sponding to these three stress–strain responses. Dislocations on 
all planes begin to move when the first-peak stress is reached, 
41 MPa for Cu3, 22 MPa for Cu1, and 278 MPa for Cu2. With 
continued straining, the motion is oscillatory, meaning the dis-
location moves repeatedly forwards and backwards. As an exam-
ple, the oscillatory dislocation motion in the Cu2 plane is shown 
in Fig. S1 in the supplementary material. In each oscillation 
cycle, the forward displacement is far greater than the backward 

TABLE 1:   Interfacial energies (in mJ/
m2) of the three interfaces in Fig. 1. Cu/Cu Nb/Nb Cu/Nb

467.8 137.4 822.3
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displacement, and therefore, the dislocation still advances for-
ward, that is, in the direction of the applied shearing.

The oscillatory behavior, involving relatively short backward 
displacements, is not typically discussed or expected. It can arise 
from the strong interactions with the defects in the bounding 
SITB interfaces. Unique to the SITB, the periodicity of the misfit 
dislocations equals the periodicity of the lattice. The misfit spac-
ing corresponds to the interplanar spacing and so all glide planes 
in the layer intersect the interface along a misfit dislocation line. 
Further, the Burgers vectors of the misfit dislocations alternate 
in sign with every plane, causing the interactions between these 
misfit dislocation arrays and the moving edge dislocation to 
change rapidly between attraction and repulsion, resulting in 
oscillatory glide.

The differences in peak stress to initiate glide on these planes 
likely arise from differences in their location with respect to 
the misfit dislocations in the Cu/Cu interface. The interface 
structures and the dissociated edge dislocation for each plane 
are shown in Fig. 1 and Fig. S2 in Supplementary Material. As 
shown, planes Cu1 and Cu3 lie above and below, respectively, 
plane Cu2, which coincides with the plane on which the b1 misfit 
dislocation has extended.

The motion of the edge dislocation b on plane Cu2 during 
the first stages of straining is analyzed in Fig. 3. Before defor-
mation, the edge dislocation has dissociated and its stacking 
fault can be identified by the hexagonal close-packed (HCP) 
atom layer marked A. When strain is first applied (Fig. 3b), its 
leading Shockley partial dislocation on the Cu2 plane begins to 
transfer to the plane Cu3 below it through a series of reactions. 
The transfer begins with a reaction between the Shockley partial 
and a dislocation that emits from one of the interfaces, which 

produces a leading Shockley partial and second partial disloca-
tion on the Cu3 plane. The latter glides on the Cu3 plane towards 
the trailing Shockley partial on the Cu2 plane. A similar reac-
tion ensues between it and the trailing Shockley partial, which 
produces the trailing partial on Cu3. The reaction progresses 
along the dislocation lines across the layer to the other interface 
until both the leading and trailing Shockley partials lie fully on 
the Cu3 plane. The entire transfer requires an increase in the 
strain and stress (Fig. 3c–e). Once on the Cu3 plane, the full 
dislocation retains its Burgers vector and creates the same stack-
ing fault marked B as it did on plane Cu2. As shown in Fig. 3f, 
the size and shape of the stacking fault B resemble those of the 
initial, strain-free dislocation on plane Cu3 (see Fig. S2(c)). The 
stress drops once the dislocation glides on plane Cu3. It does 
not return to plane Cu2 for the remaining straining period. The 
ultra-high peak stress for plane Cu2, mentioned earlier, cor-
responds to the stress required to transition the extended dis-
location to a parallel plane in order to overcome the extended 
misfit dislocation.

For comparison, we consider glide of the same dislocation 
but without the influence of misfit dislocations. In one case, 
the dislocation is driven to glide in a single crystal without 
surfaces to confine its motion (SC-Cu) and in another case, it 
is forced to glide in a thin film between two free surfaces (FS-
Cu). Figure 2a shows the shear stress–strain curves for SC-Cu 
and FS-Cu. The responses are irregular, suggesting that glide 
is not smooth (Fig. 2b). For the Cu single crystal, the fluc-
tuating response has been reported in previous MD studies 
[56, 57]. For the SC-Cu and FS-Cu cases here, the first-peak 
stress amplitudes are much smaller than those in the Cu/Cu 
nanolaminate, being ~ 4 MPa in the SC and ~ 6 MPa in the FS 

Figure 2:   (a) Shear stress–strain curves arising from the glide of an edge dislocation in the Cu layer of a Cu/Cu nanolaminate. The figure compares 
the response for dislocation glide on planes Cu1, Cu2, and Cu3, the three distinct glide planes in Cu/Cu nanolaminate systems shown in Fig. 1a. For 
comparison, the response of the same edge dislocation gliding in either Cu single crystal (SC-Cu) or between two free surfaces of the same thickness 
as the layers in the Cu/Cu nanolaminate (FS-Cu). (b) Zoomed in view of the Cu1, Cu3, SC-Cu, and FS-Cu curves in (a) to better compare their peak 
stresses.
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(Fig. 2b). In the case of the single crystal, the main contribu-
tion to resisting motion originates from the lattice. Its peak 
value can be roughly compared to a Peierls stress calculation 
for the same dislocation, which we calculate to be ~ 3 MPa, 
when using the same interatomic potential (see Supplemental 
Material for details). Note that prior atomistic simulations, 
which used different model configurations, model sizes, and/
or loading modes, reported lower Peierls stresses of an edge 
dislocation in SC-Cu with the same interatomic potential: 
2.5 MPa [58], 1.4 MPa [59], and 1.3 MPa [56]. In the case of 
FS-Cu, both lattice resistance and confinement imposed by 
the resisting free surfaces contribute to the dislocation gliding 
resistance. The result is a nearly twofold increase in resistance 
from that in the single crystal.

Analysis of the motion in the SC-Cu and FS-Cu cases finds 
them to be jerky, in which the dislocation repeatedly alternates 
between accelerating forward and arresting or moving slowly. 
Unlike CLS in the Cu/Cu laminate, however, they do not oscil-
late, i.e., do not move backward. In glide, the dislocations in SC 
or FS are not repeatedly interacting with misfit dislocations with 
Burgers vectors that alternate repeatedly in sign and are equal or 
double in value to its Burgers vector.

Nb/Nb nanolaminate

Figure 4 presents the response associated with CLS of an edge 
dislocation in the Nb/Nb nanolaminate. Unlike the Cu/Cu nan-
olaminate, dislocations gliding in the Nb layer are constrained to 
glide between two coherent interfaces. As the stress is applied, 
dislocations, lying initially on either the Nb1 or Nb2 plane, 
begin to move when the stress reaches 30 MPa. They remain 
on their habit planes at all times, and their glide behavior is 
smooth and not jerky, seemingly unhindered, without being 
pinned at any point in time. Their corresponding stress–strain 
responses in Fig. 4 show a continually rising stress as the strain 
is increased, until reaching a stress plateau of 670–680 MPa. The 
behavior on the Nb1 and Nb2 planes are similar, likely because 
the interface structures, where they intersect, are indistinguish-
able (see Fig. S3(a–b) in Supplementary Material).

To elucidate the role of the interface, deformation simula-
tions are carried out for the same dislocation in SC-Nb and 
FS-Nb. When the shear strain is first applied, the disloca-
tion in SC-Nb remains immobile until the first-peak stress of 
118 MPa is reached. This threshold value is lower than the 
Peierls stress of the same dislocation, 176 MPa, calculated by 
molecular statics. Note that prior atomistic simulations, which 

Figure 3:   The atomic configurations of the dislocation initially lying on plane 2 at different shear strains: (a) 0 strain, (b) 0.009, (c) 0.0096, (d) 0.00964, 
(e) 0.009645, and (f ) 0.009675. FCC, BCC, HCP atoms, and those with unknown coordination structure are colored by green, blue, red, and gray, 
respectively. Perfect FCC atoms are deleted to better visualize the interfaces and dislocations. The markers ‘2’ and ‘3’ denote the glide planes 2 and 3 in 
Fig. 1a, respectively. The labels ‘A’ and ‘B’ represent two neighboring atomic layers immediately above planes 2 and 3, respectively. (d) corresponds to 
the first peak achieved in the stress–strain curve for the dislocation gliding on plane 2.
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used different interatomic potentials [60, 61], reported lower 
Peierls stresses of an edge dislocation on {110} plane in SC-Nb: 
23 MPa [55], 29 MPa [61], and 6 MPa [62]. Once moving, 
similar to SC-Cu, the stress–strain response associated with 
the gliding SC-Nb dislocation also fluctuates, but around a 
positive value of ~ 66 MPa rather than zero. As a result, the 
dislocation motion is jerky.

In stark contrast with SC-Nb, FS-Nb has three peak stresses 
in its stress–strain curve, each followed by a substantial drop 
in stress to a long stress plateau. Dislocation glide is not jerky. 
In the response, rises in stress are associated with pinning of 
the dislocation at one of its junctions with the free surface, 
and drops in stress are associated with depinning. After depin-
ning the third time, the dislocation moves at a constant veloc-
ity, no longer held back by the free surfaces. The two major 
peak stresses (~ 500  MPa and ~ 472  MPa) and steady state 
stress ~ 144 MPa are significantly larger than the peak stress 
associated with moving the same dislocation in SC-Nb. As in 
the case of Cu, the resistance to flow in FS-Nb is twice that in the 
single crystal, the difference can be attributed to the additional 
resistance provided by the free surfaces.

CLS in Cu in the Cu/Nb nanolaminate

Next, we examine CLS of the same edge dislocation in a Cu/Nb 
nanolaminate. The dislocation gliding in the Nb layer and Cu 
layer is confined by the same incoherent Cu/Nb interface with 
the same misfit dislocation arrays. The main difference, however, 

is that the dislocations in one misfit array extend an ISF onto a 
glide plane of the Cu layer but not the Nb layer.

Figure 5 compares the stress–strain curves associated with 
dislocation glide on all nine {111} planes in the Cu layer. The 
responses are irregular, with fluctuating stresses, a sign of jerky 
flow. They show that glide is highly dependent on which glide 
plane is used. Among the nine planes, the peak stresses and 
irregularities are distinct, with no two responses being alike. 
Glide on the misfit glide planes, Cu5Nb and Cu9Nb, reaches 
the highest and second highest peak stresses (e.g., first peaks are 
316 MPa and 257 MPa), respectively. In contrast, glide on the 
planes that intersects the interface nearly halfway between two 
arrays, Cu2Nb and Cu7Nb, results in the lowest peak stresses.

Next, we analyzed the motion of all gliding dislocations 
under strain. The first-peak stress corresponds to the stress 
needed to initiate dislocation glide and the stress drop that 
follows to forward glide. Once in motion, CLS in all planes is 
jerky, consistent with the irregular stress–strain response. The 
dislocation arrests causing the stress to rise again until it reaches 
another peak sufficient to restart CLS. Unlike CLS in the Cu/Cu 
nanolaminate, CLS in the Cu layer of the Cu/Nb nanolaminate 
is not oscillatory.

We further examine the incipient motion of the disloca-
tions in the two glide planes that correspond to the misfit 
dislocations within the interface, since they required substan-
tially higher stresses than the other seven planes. The first of 
which, Cu5Nb, coincides with the b1 misfit array. The misfit 
edge Shockley partial dislocation has extended an ISF from 
the interface onto Cu5Nb, directly obstructing the glide of 
the dislocation. When the strain is first applied, the disloca-
tion begins to transfer to Cu6Nb (Fig. 6b), in order to over-
come the extended misfit. As the stress and strain increase, the 
leading Shockley partial gradually moves downward onto the 
Cu6Nb plane, as indicated by the reduction of the fault A and 
expansion of fault B (Fig. 6c–e). When the first-peak stress 
is reached, the dislocation completes its transfer to Cu6Nb, 
as shown in Fig. 6f, resulting in the first rapid stress drop 
in Fig. 5a. The shape and width of the dissociated disloca-
tion in Fig. 6f are similar to the stress-free state of the same 
dislocation initially placed on plane Cu6Nb, as shown in Fig. 
S4(f). The dislocation then proceeds to glide forward on plane 
Cu6Nb in a jerky manner. On the other misfit glide plane, 
Cu9Nb, which coincides with misfit Frank partial b2, the dis-
location does not leave its initial glide plane and remains still 
as the strain is applied. After the first-peak stress is reached, 
the dislocation begins to move and the stress drops. We show 
that between the two misfit glide planes, whether or not the 
misfit protrudes into the layer on the same glide plane as the 
dislocation can dictate whether or not the dislocation must 
leave its glide plane or can remain on it.

Figure 4:   Shear stress–strain curves arising from the glide of an edge 
dislocation in the Nb layer of an Nb/Nb nanolaminate. The figure 
compares the response for dislocation glide on plane Nb1 and plane 
Nb2, the two distinct glide planes in Nb/Nb nanolaminate systems 
shown in Fig. 1b. For comparison, the response of the same edge 
dislocation gliding in either Nb single crystal (SC-Nb) or between 
two free surfaces of the same thickness as the layers in the Nb/Nb 
nanolaminate (FS-Nb).
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CLS in Nb in the Cu/Nb nanolaminate

Figure 7a and b studies the shear stress–strain curves corre-
sponding to CLS on the eight {110} planes in the Nb layer. The 
initial atomic configurations of the edge dislocations on each 
of these planes prior to deformation are shown in Fig. S5 in 

the supplementary material. Like those for CLS in the neigh-
boring Cu layer, the deformation responses for CLS are irreg-
ular and fluctuate, exhibiting many peaks and stress drops. 
The peak stress levels are on average two to four times higher 
than those reached in Cu with first-peak stresses ranging from 

Figure 5:   Shear stress–strain curves arising from the glide of an edge dislocation in the Cu layer of a Cu/Nb nanolaminate. (a) compares the responses 
for dislocation glide on planes Cu2Nb, Cu5Nb, and Cu6Nb, the three distinct glide planes in the Cu/Nb nanolaminate that achieve the relatively 
higher peak stresses. (b) compares the responses for dislocation glide on the remaining six planes, denoted by Cu1Nb, Cu3Nb, Cu4Nb, Cu7Nb, Cu8Nb, 
and Cu9Nb. The nine distinct planes, which are marked in Fig. 1c, have different locations with respect to the misfit dislocations lying in the Cu/Nb 
interface.

Figure 6:   The atomic configurations of the edge dislocation initially lying on plane 5 at different shear strains, starting with (a) 0 strain, when it lies on 
plane 5, and increasing to (b) 0.0075, (c) 0.00975, (d) 0.00982, (e) 0.00983, and (f ) 0.0099. The visualization is the same as that in Fig. 3. The markers ‘5’ 
and ‘6’ denote glide planes 5 and 6 in Fig. 1c, respectively. The labels ‘A’ and ‘B’ represent two neighboring atomic layers immediately above planes 5 
and 6, respectively. (c) corresponds to the first peak of stress–strain curve denoted as Cu5Nb in Fig. 5a.
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233 MPa for Nb8Cu to 445 MPa for Nb6Cu. In analyzing dis-
location motion in all planes, we find that dislocation remains 
on its original glide plane and its motion is jerky.

Similar to glide in the Cu layer, the resistance to glide in 
Nb is greatly affected by the orientation relationship between 
its glide plane and the Cu/Nb interface misfit dislocations. 
The two planes experiencing the greatest resistance are the 
two misfit glide planes, Nb6Cu and Nb3Cu. Dislocations 
from neither misfit array extend into the Nb layer, possi-
bly explaining why the gliding dislocation can remain on its 
habit plane at all times. Of the two misfit glide planes, glide 
on the Nb6Cu plane, which is aligned with the b2 array with 
the larger Burgers vector, experiences a greater resistance 
than the Nb3Cu plane, which intersects the b1 array with 
the smaller Burgers vector. In contrast, the Nb8Cu plane that 
intersects the interface midway between the b1 and b2 array 
lines experiences the least resistance. Last, compared to the 
Cu/Nb nanolaminate, the same Nb dislocation gliding in an 
Nb/Nb nanolaminate layer bounded by CTBs experiences a 
much lower resistance to initiate CLS. Glide is smooth and 
uniform among the planes and not jerky.

Discussion
In this work, we revealed many substantial effects of the atomic 
structure of the interface on dislocation glide. Simulations of 
CLS on planes identical in crystallography but distinct in rela-
tionship with nearby interface defects suggests that dislocation 
glide in a nanolaminate will be heterogeneous. Non-uniformity 
can occur among the layers, with glide in Cu favored over Nb, 
and within the same layer, for which there is a strong preference 

for glide on planes that do not intersect with the interface along 
the lines of misfit dislocations.

In particular, protruding misfit dislocations that dissoci-
ate and extend from the interface into the layer on glide planes 
directly obstruct dislocation motion, forcing the dislocation to 
overcome it first before proceeding with CLS. In the present 
study, the misfit extension is a consequence of the low ISF 
energy of Cu. The implication is that materials with higher ISF 
energy, such as Al [63], will likely not experience this behavior 
or vice versa, materials with lower ISF energy, such as Ag [64, 
65], Au [66, 67], or FCC multi-principal element alloys [68, 69], 
can expect local CLS obstruction.

In addition to differences in the critical stress to initiate 
glide, the hardening behavior as the dislocation glides is also 
affected. The stress–strain responses for CLS in the layers of the 
Cu/Nb nanolaminates are irregular, either highly fluctuating or 
featuring periods of sharp rises in stress followed by rapid drops. 
We show, however that the jerky manner in which the dislo-
cation moves is not necessarily a consequence of the interface 
(e.g., dislocation gliding in the Nb layer in Cu/Nb nanolami-
nate), as the same jerky motion also occurs in the single crystal 
(e.g., SC-Nb). Yet still, the severity of the stick–slip behavior is 
enhanced by free surfaces and misfit dislocations in the inco-
herent interface. The severest irregularity occurs for the Cu/Cu 
SITB, which is not only the densest with misfit dislocations but 
the misfits change sign every lattice plane. The resulting motion 
is slightly oscillatory, and resistance to glide does not increase 
with straining but softens. The only exception studied here is 
provided by the coherent interface in Nb, in which first activa-
tion of dislocation CLS is the easiest, but the glide resistance 
increases monotonically as the dislocation moves, until a stress 

Figure 7:   Shear stress–strain curves arising from the glide of an edge dislocation in the Nb layer of a Cu/Nb nanolaminate. (a) compares the responses 
for dislocation glide on planes Nb1Cu, Nb3Cu, Nb4Cu, and Nb6Cu, the four distinct glide planes in the Cu/Nb nanolaminate that achieve relatively 
higher peak stresses. (b) compares the responses for dislocation glide on the remaining four planes, denoted by Nb2Cu, Nb5Cu, Nb7Cu, and Nb8Cu. 
The eight distinct planes, which are marked in Fig. 1d, have different locations with respect to the misfit dislocations lying in the Cu/Nb interface.
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plateau is reached. The coherent interface in Nb exhibits the 
greatest hardening.

Differences in hardening point to need to examine the 
changes in the dislocation core that is deposited in the bounda-
ries and interfaces as CLS proceeds. Prior atomistic and analyti-
cal studies have shown that the changes defects and dislocations 
experience once they are absorbed into the interface depend 
sensitively on the chemistry and structure of the interface [14, 
25, 27, 31, 70–72]. Surfaces that attract and remove defects 
deposited from CLS would produce less hardening in CLS than 
interfaces that diffuse deposited dislocations and even less than 
coherent interfaces that have little dislocations left in them.

It is worth noting that the stress to nucleate plus glide the 
dislocation in the layer is much higher than that to move a 
pre-existing dislocation via CLS. Figure S6 in the supplement 
presents the shear stress–strain curves for the defect-free Cu/
Cu, Cu/Nb and Nb/Nb nanolaminates under shear loading at 
a constant strain rate of 107/s. According to Fig. S6, dislocation 
nucleation in the laminate without the pre-existing dislocation 
requires approximately 6 to 10 times higher applied stress than 
CLS of the pre-existing dislocation in the same laminate. Thus, 
it is unlikely that additional dislocations will nucleate from the 
interface, while the dislocation is moving in CLS. In addition, we 
did not address the effects of changing the layer thickness in this 
work. In the future, we will quantify those effects on the strength 
of nanolayered materials when the mechanism for deformation 
is dislocation glide [73]. The results in the current work, none-
theless, indicate that the glide plane selected for such a size effect 
study can play a critical role.

Conclusions
In this work, atomistic simulations are performed to investigate 
the effects of interface morphology on confined layer slip (CLS) 
in examples of Cu/Cu, Nb/Nb, and Cu/Nb nanolaminates. In all 
cases, the individual layer thickness was the same value of 5 nm 
in order to focus on interface structure effects. We show that the 
interface structure affects the manner in which CLS occurs and the 
stress required to activate it. The main conclusions are as follows:

•	 In the Cu/Cu nanolaminate with the symmetric incoherent 
twin boundary (SITB), CLS is oscillatory, in which the disloca-
tion moves forwards and then backwards repeatedly. Since, in 
each cycle, the forward distance is significantly larger than the 
backward one, the dislocation advances forward with straining.

•	 CLS in the Nb/Nb nanolaminate with a coherent twin bound-
ary is the easiest to activate among all cases, and, unlike dislo-
cation glide in SC-Nb, FS-Nb, or in a composite nanolaminate 
with a biphase interface, the motion is smooth and the velocity 
constant. The resistance to motion increases with straining.

•	 The Cu/Nb nanolaminate has an incoherent {112} Kurd-
jumov–Sachs interface, which contains misfit dislocation 
arrays. CLS in the Cu or Nb layer is jerky, in which the dislo-
cation alternates between moving forward and then stopping 
or slowing down and harder to activate than CLS in the cor-
responding layer in the single-phase Cu or Nb nanolaminate.

•	 For the Cu layer in Cu/Nb or Cu/Cu nanolaminate, one 
misfit dislocation array, among the three, dissociates and 
extends into the Cu layer on a (111) glide plane. When the 
moving CLS dislocation coincides with on this glide plane, 
its motion is initially obstructed. Upon application of the 
strain, it moves onto the neighboring plane to overcome the 
extended misfit, an action that requires on average two to ten 
times more stress than any other glide plane in the layer.

Methodology
Software for atomistic simulations and visualization

LAMMPS [74] is utilized for all atomistic simulations. To visual-
ize the atomic configurations, the adaptive common neighbor 
analysis [75] implemented in OVITO [76] is employed.

Interatomic potentials

The embedded-atom-method (EAM) potentials developed by 
Zhang et al. [77] is applied to describe the atomic interactions of 
Cu–Cu, Nb–Nb, and Cu–Nb. The Cu–Cu and Nb–Nb interac-
tions in this potential are consistent with those in the pure Cu 
EAM potential by Mishin et al. [78] and pure Nb Finnis–Sinclair 
potential by Ackland et al. [79]. The Cu EAM potential has been 
verified capable of simulating dislocation dynamics effectively in 
Cu [80–83]. The Nb Finnis–Sinclair potential has been utilized 
in prior work for calculating dislocation-related properties in 
Nb, such as the Peierls stress [84]. Finally, the Cu–Nb interaction 
we employ here has been widely applied to understand deforma-
tion mechanisms in strained Cu/Nb composites [24, 25, 85, 86].

Bicrystal model set up

Figure 8 shows the schematic that is used for modeling CLS in 
all nanolaminates considered here. The single crystal layers M 
and M′ have the same layer thicknesses of L = 5 nm. The axes x, 
y, and z denote the lattice coordinates in the layer M, while x′, y,′ 
and z′ are for layer M′. Periodic boundary conditions (PBCs) are 
applied along the x (or x′) and the y (or y′) axes, while traction-
free boundary conditions are imposed along the z (or z′) axis 
[87, 88]. These boundary condition settings are similar to those 
used in the periodic array of dislocation model, often applied to 
calculate the Peierls stress [62, 84] or stress for dislocation glide 
[57]. The corresponding crystallographic orientations for x (or 
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x′), y (or y′), and z (or z′) are listed in Table 2. The dimensions 
along x (or x′), y (or y′), and z (or z′) are 43 × 10 × 26 nm3.

According to the lattice coordinates in M and M’, the inter-
faces in Cu/Cu, Nb/Nb, and Cu/Nb (or Nb/Cu) nanolaminates 
are SITBs, CTBs, and {112} KS interfaces, respectively. Grain M 
is shifted in relation to grain M’ along the two in-plane direc-
tions, i.e., x (or x′) and z (or z′), to create 100 RBTs, and six dif-
ferent cutoff distances within which one atom is removed from 
the atom pair in the interface are considered. As a result, a total 
of 600 initial structures are built for each nanolaminate, and we 
choose the one with the lowest interface energy after energy 
minimization by the conjugate gradient algorithm. In each case, 
the minimization process is terminated when one of the follow-
ing criteria is satisfied [89, 90]: (1) the energy change between 
successive iterations divided by the energy magnitude is less 
than or equal to 10–12 or (2) the length of the global force vector 
for all atoms is less than or equal to 10–12 eV/Å.

Single crystal and free surface model set 
up and boundary conditions

We also studied the glide of an edge dislocation in a single crys-
tal of Cu (SC-Cu), single crystal of Nb (SC-Nb), and between 

two free surfaces: FS-Cu and FS-Nb. In SC models, PBCs are 
applied along the x and y axes, while traction-free boundary 
conditions are imposed along the z-axis. In FS models, PBCs 
are applied along the x-axis, while traction-free boundary con-
ditions are imposed along the y- and z-axes. The dimensions 
of these four models are the same as the grain M, i.e., 43 × 5 × 
26 nm3.

In order for the FS model results to be reliable, it is impor-
tant to ensure that the interatomic potentials [78, 79] can predict 
accurate {112} surface energies. We calculate the two surface 
energies to be 1432 mJ/m2 and 1962 mJ/m2, respectively, in Cu 
and Nb, which are both in reasonable agreement with those 
from DFT calculations: 1630 mJ/m2 and 2350 mJ/m2 [91].

After inserting the dislocation into the bicrystal model, a 
dynamic relaxation step at 1 K is performed. This low tempera-
ture is chosen to minimize the effect of thermal fluctuations. 
With two vacuum regions created above the top surface and 
below the bottom surface along the z-axis, an NPT ensemble 
is imposed during thermal relaxation. After relaxation the vac-
uum regions are removed and the boundary condition along the 
z-axis reverts back to being non-periodic. A similar operation 
can be found in Ref. [57].

Figure 8:   Schematic of the model setup for the periodic cell for the nanolaminate. M and M′ are two single crystalline layers, dissimilar in orientation 
and in some cases material. The layer thickness is L = 5 nm. The axes x, y, and z correspond to the lattice coordinates in layer M, while x′, y′, and z′ are 
those in layer M′. The edge dislocation with the Burgers vector b is inserted in the central layer M. 

TABLE 2:   The lattice coordinates 
of single crystal lay ers M and 
M′ in the nanolaminate systems 
considered in this work.

The axes x, y, and z denote the lattice coordinates in layer M, while x′, y′, and z′ are those for layer M′. The dis-
location is inserted in the central layer M.

Nanolaminate 
(M/M′)

x y z x′ y′ z′

Cu/Cu [110] [112] [111] [110] [112] [111]

Nb/Nb [111] [112] [110] [111] [112] [110]

Cu/Nb [110] [112] [111] [111] [112] [110]

Nb/Cu [111] [112] [110] [110] [112] [111]



Invited Paper

© The Author(s), under exclusive licence to The Materials Research Society 2021 

 
 J

ou
rn

al
 o

f M
at

er
ia

ls
 R

es
ea

rc
h 

 V
ol

um
e 

36
 

 I
ss

ue
 1

3 
 J

ul
y 

 2
02

1 
 w

w
w

.m
rs

.o
rg

/jm
r

2812

Next, the atomic configuration is divided into three regions 
from the free surface to the glide plane of the dislocation, 
which are the boundary region, the thermostat region, and the 
non-thermostat region, in which thicknesses are 1 nm, 4 nm, 
and 16 nm, respectively. In the thermostat regions, the NVT 
ensemble is utilized, while in the boundary and non-thermostat 
regions, the NVE ensemble is applied. The application of the 
non-thermostat region during dislocation glide on the middle 
plane leads to the greatest reduction in the artificial friction 
of thermostat ensemble [92, 93]. The average velocities of the 
top and bottom boundary regions are independently tailored 
dynamically using the flexible boundary condition developed 
by Rodney [94], which ensures the bottom boundary is static, 
while the top boundary moves at the constant velocity that cor-
responds to a constant strain rate of 107 s−1. During this process, 
the total forces of boundary regions are zero. More details on the 
shear loading can be found in Ref. [57]. It should be noted that 
shear loading in this work is conducted by controlling first the 
strain rate and then the strain, rather than the load or the stress.

Peierls stress calculations

In the SC models only, we also calculate the Peierls stress by 
means of the displacement-controlled loading mode used in 
Refs. [84].
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