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Dislocation-induced ordering as a source
of strengthening in refractory multi-
principal element alloys
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In refractory multi-principal element alloys (RMPEAs), the rapid atomic diffusion occurring near
dislocations facilitates local segregation and chemical ordering, leading to the formation of unique
atomic environments capable of pinning dislocations on slip planes. However, previous atomistic
simulations have largely overlooked how dislocations induce these unique atomic environments and
influence the strengthening mechanism. In this study, we systematically investigate the atomic
environments generated by dislocations during annealing and their effects on the mechanical
properties of body-centered-cubic (BCC) RMPEAs using hybrid Monte Carlo/molecular dynamics
simulations. A machine-learning interatomic potential is specifically trained for these RMPEAs. Our
results reveal that the dislocation-core energy, elemental mixing energy, and dislocation-stress field
collectively determine unique atomic environments, which strongly pin dislocations and significantly
increase the critical resolved shear stress. As the atomic rearrangement near the dislocation core
progresses, the enhanced pinning effect of edge dislocations arises from the continuous narrowing of
the dislocation-core width, while the increased pinning of screw dislocations is attributed to the
dislocation line becoming more kinked. In particular, edge dislocations exhibit a much stronger
pinning effect than screw dislocations, consistent with recent experimental results.

As a refractory branch of the multi-principal element alloys (MPEAs)
strategy1,2, refractory MPEAs (RMPEAs) are primarily composed of near-
equiatomic, single-phase body-centered-cubic (BCC) solid solutions
formed by refractory elements such as Cr, Hf,Mo,Nb, Ta, Ti, V,W, and Zr.
In recent years, RMPEAs have attracted significant attention owing to their
exceptional resistance to softening at elevated temperatures, making them
highly promising for aerospace and chemical industry applications.
Numerous RMPEAswith outstanding high-temperature performance have
beendeveloped to date3,4. For instance,MoNbTaVWandMoNbTaWalloys
exhibit remarkable hardness and strength at temperatures up to 1900K5.
Nevertheless, the fundamentalmechanismsunderlying thehigh strengthsof
these BCC RMPEAs remain elusive6. Increasing evidence suggests that
short-range order (SRO) structures could play a crucial role in determining
the mechanical properties of RMPEAs7–10.

In the earlydaysofMPEAs research, itwaswidely believed thatMPEAs
were random solid solutions. In contrast, experimental evidence has con-
firmed that complex interactions among constituent elements often lead to
the formation of SRO structures during solidification or heat treatment in

alloys such as CoCrNi11–13, CoNiV14, MoNbTaW15, MoNbTaTiZr16,
NbTaTiV17, and HfNbRuTaZr18. Although some studies have questioned
the influence of SRO on alloy properties and suggested that its significance
may be overstated19,20, the prevailing consensus is that SRO plays a vital role
in determining the mechanical behavior of alloys12,13,18,21. Many atomistic
simulations have also shown that SRO can induce significant local lattice
distortions and directly affect dislocation motion7,10,22–24. However, most
atomistic studies to date first perform hybridMonte Carlo (MC)/molecular
dynamics (MD) annealing on a perfect crystal to generate SRO, followed by
the introduction of dislocations to investigate their interactions with SRO.
Since perfect crystals are unlikely to exist during actual annealing, pre-
existing defects—such as dislocations—are expected to influence SRO for-
mation. In fact, dislocations may induce unique atomic environments that
differ from those formed in perfect crystals during MC processes. These
distinctive environments can, in turn, affect dislocations, for example, by
causing dynamic strain aging (DSA) and Portevin-Le Chatelier (PLC)25,26.
For example, experiments basedonNbZrTiTa have shown that under high-
temperature holding conditions, dislocations can be rapidly locked,
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resulting in an increased peak flow stress27. Some related theoretical studies
also indicate that, unlike traditional alloys where solute atoms diffuse from
remote regions to dislocations, the PLC and DSA effects in MPEAs are
associated with the rapid diffusion and rearrangement of atoms near dis-
location cores, which may lead to the formation of ordered structures25,28.
Nevertheless, to the best of our knowledge, most existing simulation studies
have largely overlooked the impact of defects on SRO formation. In parti-
cular, systematic investigations into how dislocations—as one of the most
common types of defects—induce unique atomic environments during
annealing, andhow these localized inhomogeneous environments influence
dislocation motion, remain very limited26, especially in the context of
MPEAs. Figure 1 highlights the distinction between our approach and
previous studies. While earlier research has primarily concentrated on the
SRO encountered by dislocations during their movement7,10,23,24, our work
focuses directly on the SRO induced by dislocations at the very onset of
motion. This induced SRO can strongly pin dislocations. Yet it has been
largely overlooked inprior investigations.Addressing this gap is essential for
bridging the division between simulations and experiments, and for dee-
pening our understanding of DSA effects and yield phenomena related to
dislocation pinning after annealing. Meanwhile, considering that current
MPEAs strengthening strategies already leverage the introduction of high
dislocation densities to induce precipitation29,30, it is of great significance for
future alloy design to systematically investigate the origins and impacts of
dislocation-induced SRO.

On the other hand, to achieve a balance between computational effi-
ciency and accuracy, machine-learning interatomic potentials (ML-IAPs)
have been widely adopted in the study of MPEAs24,31–34. Previously,
Byggmästar et al.34 andWang et al.24 independently developed quinaryML-
IAPs for the Mo-Nb-Ta-V-W system. However, as Cr is a common con-
stituent in RMPEAs35–38, usually added for its excellent corrosion
resistance39, the development of a six-component potential that includes Cr
is essential for advancing the understanding and design of high-
performance RMPEAs. Currently, there is no ML-IAP available for the
six-component Cr-Mo-Nb-Ta-V-W system.

For the above reason, in the current work, we developed a moment
tensor potential (MTP) that incorporates the interactions among all six
refractory metallic elements: Cr, Mo, Nb, Ta, V, and W. Then, the hybrid
MC/MD method is used to simulate the annealing process of alloys. It
follows that we investigated the special atomic environments and SRO
inducedbydislocations during the annealingprocess, aswell as their origins,
revealing that the dislocation-core energy, the dislocation-stress field, and
the elemental mixing energy jointly determine these special atomic envir-
onments. We also investigated the effects of these special atomic environ-
ments on mechanical properties and explained their underlying
mechanisms. We found that as the MC simulation progresses, the dis-
locations are strongly pinned, and the critical resolved shear stress (CRSS)
increases rapidly.Moreover, theCRSSof a dislocation is directly determined
by the atomic configuration of just a few atoms at its core. For edge dis-
locations, the atomic environment near the core changes, causing the
dislocation-core width to shrink and making it more difficult for the dis-
location to escape. For screw dislocations, the atomic environment near the
core leads to severe spontaneous kinking of the dislocation, which hinders
its movement. Amid ongoing debates on the significance of SRO in the
mechanical properties of MPEAs12,19–21, our results underscore the critical
role of SRO at the atomic scale.

Notably, our atomistic simulation strategy provides new insights into
the mechanisms by which screw and edge dislocations control the strength
of BCC RMPEAs. Unlike conventional BCC alloys, recent experimental
evidence suggests that, in BCC RMPEAs, edge dislocations contribute to
strength control as much as, or even more than, screw dislocations6,40–42.
While previous simulations have often attributed this feature to a reduced
nucleation barrier for kink-pair formation in screw dislocations at high
temperatures, thus narrowing the mobility gap between edge and screw
dislocations6,7,43, our results reveal a different perspective: the SRO induced
by edge dislocations leads to a much stronger pinning effect than that
experienced by screw dislocations, a finding that conventional simulation
setups would likely have missed. Furthermore, we found that the atoms at
the dislocation core are the primary factor determining theCRSS inMPEAs,

Fig. 1 | The distinction between our approach and previous studies on SRO.
aPrevious research typically beganwith a perfect crystal, generated SRO through the
MC process, and subsequently introduced dislocations to simulate their motion as
they traversed SRO regions. b Our study starts with a crystal that already contains

dislocations, generates dislocation-induced SRO during MC annealing, and then
examines how dislocations escape from the unique environments they themselves
have created. In contrast to previous studies, our results demonstrate that edge
dislocations experience stronger pinning than screw dislocations.
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and this finding is consistent with several recently proposed models for the
DSA and PLC effects25,28. In the discussion section, we will further elaborate
on the relevance, consistency, and potential applications of our research in
relation to existing experimental studies.

Results
ML-IAP
This section describes the construction of our potential. Among several
ML-IAPs, the MTP model was chosen for its favorable balance between
computational cost and accuracy44. Most of the training and evaluation
processes are the same as in ourpreviouswork24, while the trainingdata set
has greatly expanded to cover systems that include Cr from unary to
senary. Figure 2 shows the comparison of the calculated energy and force
of the structures between DFT and MTP in our dataset, and the mean
absolute error for both the training and testing set is less than 2.5 meV /
atom for energies and 0.05 eV/Å for forces. These results demonstrate the
basic accuracy of the MTP model, with neither system exhibiting sig-
nificantly high errors nor an obvious difference between the errors in the
training and testing sets. Additional evaluations of basic properties
compared to DFT calculations are provided in the Supplementary
Material, including the generalized stacking fault energy (GSFE) (Fig. S1),
CRSS (Fig. S2), elastic constants (Table S1), surface energies (Table S2),
grain boundary energies (Fig. S3), SRO structures (Fig. S4) and Warren-
Cowley Parameter (Fig. S5).

Local chemical environments and their origins
In this section, we focus on the unique atomic environments induced by
dislocations and elucidate their underlying mechanisms. Figure 3a, b illus-
trates that dislocations lead to pronounced local atomic segregation. Figure
3c–e shows the effect of dislocations on the global SRO structure. Using the
SRO parameters of a perfect, dislocation-free crystal after the MC simula-
tion as a reference,wefind that dislocations, especially edgedislocations, can
significantly alter the average global SRO level inRMPEAs. For example, the
Cr-V SRO, which is difficult to form in the dislocation-free RMPEAs,
emerges in the presence of dislocations. This behavior contrasts with pre-
vious reports on CrCoNi medium-entropy alloys26, where dislocations do
not induce notable changes on the global SRO level. Moreover, due to the
high-energy state near the dislocation core, only a few MC/MD steps are
needed to generate pronounced SRO in the core region. This implies that

such SRO is highly likely to exist in real alloys.Wewill illustrate this point in
Fig. S6 of the Supplementary Material.

Next, we examine the differences in local atomic environments
induced by dislocations from two perspectives. First, centered on the dis-
location, we examine the differences in atomic distributions near the dis-
location core. Second, outside the dislocation core, we analyze the
differences in the atomic distributions between dislocations.

Firstly, we examine the atomic distributions within the dislocation
core. As shown in Fig. 11c, we defined annular cylindrical regions centered
on thedislocation line andcalculated the atomic concentrationswithin these
regions for different inner and outer radii.

Figure 4a, b present the results afterMC simulations (Edge/ScrewMC
Model), showing a pronounced gradient distribution of elements in the
direction perpendicular to the dislocation line. The dashed line indicates the
elemental concentration in a fully random system. Both edge and screw
dislocations exhibit a consistent trend: regions closer to the dislocation core
display higher concentrations of Nb and correspondingly lower con-
centrations of W. The dislocation-core energies of six pure metals were
calculated to explain this phenomenon. The definition of the dislocation-
core energy is provided in Section “Atomistic simulations”. As shown in
Table 1, both edge and screw dislocations exhibit the highest core energy in
W, indicating that more energy is required for W atoms to enter the dis-
location core. Consequently, during the MC process, W atoms tend to
migrate away from the core region. This trend is consistent with our results
in Fig. 4a, b, where the concentration of W decreases near the dislocation
and only reaches the elemental concentration in a fully random system at a
distance of 8b from the core. To support this conclusion, according to the
order of dislocation-core energies, the core elemental concentration dis-
tributions for the binary alloys, WMo, MoCr, CrTa, TaNb, and NbV, after
MC simulations are provided in the Supplementary Material Fig. S7.

However, the dislocation-core energy does not solely determine the
elemental distribution near the dislocations. For example, although V has
the lowest core energy and would theoretically be expected to have the
highest concentration near dislocations, our results show that Nb actually
exhibits the highest core concentration. In fact, because of the presence of
multiple elements, the mixing energies between elements must also be
considered in RMPEAs. The mixing energies of each B2 elemental pair are
listed in Table 2 for reference. For example, V–Wexhibits a negativemixing
energy, indicating a strong tendency for these elements to bond. Although

Fig. 2 | Comparison between DFT- and MTP- calculated energies and forces. Systems containing different numbers of elements are marked with various colors.
a Comparison of energies between DFT and MTP. b Comparison of forces between DFT and MTP.
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Nb–Walsohave anegativemixing energy, their bonding tendency isweaker
than that of V–W. In fact, the global SRO parameters of a perfect,
dislocation-free crystal can be directly used to identifywhich elemental pairs
are favorable or unfavorable for the formation in the alloy. As presented in
Fig. 3c,V–Vpairs donot exhibit a significant tendency to cluster,V–Wpairs

show a strong attraction, while Nb-W pairs display a repulsive interaction.
Fig. 3d, e demonstrate that V–W bonding is weakened in the presence of
dislocation structures. This feature is actually the result of the competition
between the dislocation-core energy and the elemental mixing energy. In
summary, since (i)W isunfavorable for accumulationat thedislocation core

Fig. 3 | Results of theMC/MD simulation for the edge/screwMCmodel in the CrMoNbTaVW. Snapshots of edgeMC (a) and screwMC (b) models afterMC simulations
at 300K. Global SRO parameters after MC simulations for models without dislocation (c), with edge dislocations (d), and with screw dislocations (e).

Fig. 4 | Elemental concentration distribution within cylindrical regions near the dislocation core. The gray dashed line represents the elemental concentration in a fully
random system. a is for the edge dislocation and b is for the screw dislocation.
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and (ii) V tends to attract W, and V also becomes unfavorable for aggre-
gation at the core in W-containing alloys. To support this conclusion, MC
simulation results for NbV and NbVW alloys are provided in the Supple-
mentary Material Fig. S7 as additional evidence. Additionally, it should be
noted that for the atomic distribution at the edge-dislocation core, the
dislocation-stress field is also an important factor. In edge dislocations core,
the smaller atoms tend to accumulate on the side with the extra half-plane,
which explains why elements, such as Cr and V, exhibit higher con-
centrations in the edge-dislocationmodel. The effect of the stressfieldwill be
discussed in detail later.

Secondly, we investigate the atomic distributions betweendislocations,
excluding the dislocation core. The presence of a stress field has previously
been reported to affect atomic diffusion and rearrangement45. Accordingly,
under the dislocation-induced stress field, the atomic environments are
expected to vary across different stress regions. To demonstrate this feature,
we divided the simulation box into 12 layers along the Y-axis orX-axis, and
calculated the elemental concentrations, SRO structures, and stress field in
each layer. Detailed partitioning methods are provided in Section “Parti-
tioning strategy”.

It is well known that the presence of dislocations in a crystal causes
surrounding atoms to deviate from their equilibrium positions, resulting in
lattice distortion and the formation of an elastic-stress field. According to
the elasticity theory, edge dislocations generate both normal- and shear-
stress fields, whereas screw dislocations develop only shear-stress fields; see
the Supplementary Material, Eqs (1) and (2). In RMPEAs, the stress field
becomes more complex due to interactions among different elements and
may further evolve during the MC simulation process. In addition, pure

shear stresses usually do not cause compression or expansion of the crystal
and have little influence on elemental distribution, while the shear stress
induced by the BCC screw dislocations can show different effects due to the
twinning/antitwinning asymmetry of BCC crystals; As such, we will focus
on the normal-stress field for edge dislocations and the shear-stress field for
screw dislocations in the following.

For edge dislocations, the initial stress distribution, σxx, shown in
Fig. 5a indicates that the tensile stress is present at the missing atom plane
(position B), while the compressive stress occurs at the extra atom plane
(position A). Figure 5b presents the stress-field distribution of the edge-
dislocation-dipole model at different MC-simulation steps. Specifically,
layers 6–7 correspond to the missing atom plane and initially exhibit a
tensile stress, whereas layers 12–1 correspond to the extra atom plane and
initially present a compressive stress.

Figure 5c reveals that larger elements, such asNb,Mo, andTa,move to
the tensile regions, while smaller elements, such as V and Cr, migrate to the
compressive regions. Similarly, Fig. 5d indicates that B2 structures with
larger lattice constants preferentially form in the tensile regions, whereas
thosewith smaller lattice constants form in the compressive regions. The B2
lattice constants for each combination are provided inTable 2. In Fig. 5b, we
also observe that as the MC simulation progresses, the degree of SRO
increases, gradually reducing the differences between the tensile and com-
pressive stress regions and thereby relaxing the stress.However,with further
increases in SRO, the tensile and compressive regions within the dislocation
switch positions, and the inhomogeneity in the stress field becomes even
more pronounced. The emergence of a reversed stress field may appear
counterintuitive. However, from a thermodynamic standpoint, both the
relaxation of the stress field and the aggregation of atoms with SRO pre-
ferences act to lower the system’s energy. In the CrMoNbTaVW system,
large atoms such asMo, Nb, and Ta have a pronounced tendency to cluster,
particularly as Mo-Nb andMo-Ta pairs [Fig. 3c]. As a result, even after the
migration of large atoms into the tensile region leads to stress relaxation,
continued aggregation of these pairs further reduces the system’s energy.
Once a substantial number ofMo, Nb, and Ta atoms have already occupied
the tensile region, subsequent atoms of the same type preferentially join
them, leading to excessive clustering of large atoms. This, in turn, promotes
the development of a reversed stress field, converting the original tensile
region into a compressive one. Ultimately, the system approaches stability
when the energy increase caused by the reversed stressfield counterbalances
the energy reduction from elemental mixing, resulting in equilibrium
between the stress field and elemental distribution. This phenomenon
confirms that both the mixing energies of the elements and the stress field
jointly influence the distribution of elements in edge dislocations.

For screw dislocations, only a shear-stress field is typically generated.
Figure 6a illustrates the distribution of the σxz shear-stress component,
where the position, B, exhibits a significant negative shear stress, corre-
sponding to layers 6–7 in Fig. 6b, while layers 12–1 show a positive shear
stress associated with the position, A. Similarly, for the σyz shear-stress
component, positions, C andD, also display shear stresses of opposite signs.

Generally, screw dislocations generate only a shear-stress field and do
not induce lattice contraction or expansion. However, a previous study46 has
shown that in BCC crystals, screw dislocations can exhibit a tensile or
compressive stress in the direction perpendicular to the {112} plane. This
phenomenon arises from a shear/tension coupling associated with the
twinning/antitwinningasymmetryof shearon {112}planes.Typically, atomic
columns along the [111] direction are offset by b/3 relative to each other, with
reference positions at −b/3, 0, b/3, and so on. When the lattice is sheared
parallel to a {112} plane, these reference positions shift to −b/3 − e, 0, and
b/3 + e, where e is positive for the twinning shear and negative for the
antitwinning shear.Asa result, the spacingbetweenneighboring [111]atomic
columns increases under twinning shear and decreases under antitwinning
shear. Consequently, the lattice tends to be compressed perpendicular to the
{112} plane in the twinning case, while it tends to expand in the antitwinning
case. More detailed explanations of this phenomenon are provided in the
Supplementary Material (Figs. S8, S9, and S10). Therefore, in our screw-

Table 2 | Elemental mixing energy and lattice constant

Pair Mixing energy (eV/atom) a (Å)

CrV −0.16 2.92

CrMo 0.11 3.02

CrW 0.06 3.03

MoV −0.25 3.08

VW −0.16 3.08

CrTa −0.07 3.10

CrNb 0.10 3.11

NbV 0.11 3.17

TaV 0.05 3.17

MoW −0.01 3.18

MoNb −0.23 3.24

MoTa −0.39 3.24

TaW −0.21 3.24

NbW −0.07 3.25

NbTa 0.01 3.32

Table 1 | Dislocation-core energy of pure metals

Edge Screw

Element Ecore rcore Ecore rcore

W 18.93 3.9 11.90 2.7

Mo 16.65 2.9 9.06 2.5

Cr 10.90 3.3 9.04 3.5

Ta 9.71 4.3 5.37 2.9

Nb 6.41 3.9 4.51 3.7

V 4.90 3.3 3.53 3.3

The unit of Ecore is eV/nm, and the unit of rcore is 1/b.
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dislocationmodel, the position, B [see Fig. 6a], lies between the antitwinning-
shear regions of the two dislocations and is subjected to a tensile stress, while
the position, A, lies between the twinning-shear regions and is subjected to a
compressive stress. In contrast, positions, C andD, are considered equivalent,
as there is no shear asymmetry with respect to the ð110Þ plane. Figure 6c, d
confirm this result. When layering along the X-axis, the elemental con-
centrations and SRO structures at the position, D (layers 6–7) and C (layers
12–1), exhibit no significantdifferences.However,when layering along theY-
axis, the position, B (layers 6–7), is under tension, attracting large-volume
elements, such as Nb, and promoting the formation of Mo-Nb atomic pairs
with large lattice constants; the position A, (layers 12–1), is under compres-
sion, attracting small-volume elements, such as Cr, and favoring the forma-
tion of Cr–V atomic pairs with small lattice constants.

In summary, the stress fields generated by both edge and screw dis-
locations can lead to the aggregationof elements in specific regions.However,
the tensile and compressive stresses associated with screw dislocations arise
from an asymmetric shear and are much smaller in magnitude than those of
edge dislocations, resulting in a considerablyweaker effect. Consequently, the
changes in global SRO parameters (Fig. 3) induced by screw dislocations are
much less pronounced than those caused by edge dislocations.

Impacts on mechanical properties
In the previous sections, we discussed the unique atomic environments
induced by edge and screw dislocations in RMPEAs and their underlying

mechanisms. In this section, we focus on how these atomic environments
affect the mechanical properties of RMPEAs. All data presented here are
obtained from the equiatomic CrMoNbTaVW senary.

We first calculate the CRSS of alloys after the MC simulation—
including both cases where dislocations were inserted before (Edge/Screw
MCModel) and after (MCEdge/ScrewModel) theMC simulation—as well
as for random alloys (Random Model), to assess the impact of this special
atomic environment on alloy strength. Figure 7a shows that the CRSS in the
edge/screw MC model is significantly higher than in the MC edge/screw
model and the randommodel. The special atomic environments induced by
dislocations increase the CRSS of edge dislocations from about 1 GPa to
approximately 9 GPa, and that of screw dislocations to around 7 GPa.
Notably, in the edge/screw MC Model, the CRSS of edge dislocations
exceeds that of screw dislocations, indicating that the unique environment
induced by edge dislocations exerts a stronger pinning effect than that
induced by screw dislocations. Figure 7b presents the evolution of lattice
distortion during the MC simulation for the edge/screw MC model, with
that of the perfect crystal also shown. Compared to screw dislocations, the
atomic environment induced by edge dislocations involves greater lattice
distortion, further indicating its stronger impact on the system. We also
specifically calculate the evolution of the dislocationCRSS in the edge/screw
MCmodel during theMCprocess.As shown inFig. 7c, d, at thebeginningof
theMCsimulation, the systemenergydrops rapidly, and theCRSS increases
sharply, reaching plateaus at approximately 20,000 steps. Thereafter,

Fig. 5 | Atomic environments induced by the stress field of edge dislocations.
a Initial σx stress distribution of the model prior to the MC simulation. Position A
corresponds to the extra half-plane, and position B corresponds to the missing atom
plane. b σx-stress-field distribution along the Y-axis after various MC steps.

c Elemental concentration distributions along the Y-axis after the MC simulation.
The gray-dashed line represents the global concentration. dDistributions ofNb-Mo,
Mo-Ta, and Cr-V SRO parameters along the Y-axis after the MC simulation. The
gray-dashed line represents the global SRO parameter.
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although the system energy continues to decrease, the CRSS remains nearly
constant. In summary, this special atomic environment exerts an influence
far beyond that of the conventional SRO, with amore pronounced effect on
edge dislocations than the screw ones.

Strengthening mechanisms
To further investigate the origin of the CRSS increase, we retain the core
region with a radius of n × b centered on the dislocation line in the edge/
screwMCmodel,while all atomsoutside this regionare randomized to form
a random alloy. For details, see Section “Atomistic simulations”. As shown
in Table 3, when atoms within a radius of 3b are retained, the CRSS of the
dislocation remains close to its original value. Evenwhen only atomswithin
a smaller radius are selected, a certain degree of strengthening is still
observed. This feature indicates that the increase inCRSS is primarily due to
a very small fraction of special atomic environments near the core formed
during theMC process. In other words, after theMC simulation, both edge
and screw dislocations are pinned by a small number of atoms in the core
region. Notably, even fewer atoms are required to pin edge dislocations
compared to screw dislocations.

Indeed, changes in the atomic environment provide indirect evidence
for this conclusion. As shown in Fig. 8, using the method illustrated in Fig.
11c, we analyze the evolution of elemental concentrations near the dis-
location during theMC simulation and find that concentrations within the
0–2b range become essentially stable after 20,000 simulation steps. This

stabilization coincideswith the rapid increase and subsequent plateau of the
CRSS at around 20,000 steps. In contrast, elemental concentrations in the
2b–4b range remain far from being stable at 20,000 steps, yet their sub-
sequent changes have little impact on the CRSS. This trend suggests that the
pinning effect on the dislocation is primarily determined by the atomic
environment in the immediate core region,while changes further awayhave
a negligible effect. Therefore, we will next focus on the structural changes of
dislocations in the core region.

For edge dislocations, our previous analysis has shown that their
strength is primarily determined by a very small number of atoms near the
core.According to thePeierls-Nabarromodel, the strengthof adislocation is
highly sensitive to a change in the core width47. Therefore, we analyze the
evolutionof the dislocation-corewidth andCRSSduring theMCprocess for
RMPEA alloys. Figure 9a presents the extraction of the disregistry from the
dislocation slip plane and the calculationof themisfit density. The definition
and calculation of the core width are detailed in Section “Atomistic simu-
lations”. Figure 9b exhibits the misfit density calculated for the CrMoNb-
TaVWat differentMC steps.A sharper peak in themisfit density indicates a
narrower dislocation core. We observe that before 20,000 steps, the dis-
location core becomes narrower, while after 20,000 steps, the core width
changes very little. To assess the transferability of our findings, we repeat the
simulation in two other alloys, WTaVCr and MoNbTaVW, as shown in
Fig. 9c. Remarkably,we found that the six-,five-, and four-component alloys
all exhibit similar strong pinning effects after MC simulations with edge

Fig. 6 | Atomic environments induced by the stress field of screw dislocations.
a Initial σxz stress distribution of the model prior to theMC simulation. Positions, A,
B, C, and D, represent different points between screw dislocations of opposite
helicities. b Shear-stress-field distribution along the X-axis and Y-axis at different

MC steps. c Elemental concentration distributions along the X-axis and Y-axis after
the MC simulation. The gray-dashed line represents the global concentration.
d Distributions of Nb-Mo and Cr-V SRO parameters along the X-axis and Y-axis
after theMC simulation. The gray-dashed line represents the global SRO parameter.
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dislocations, despite significant differences in the elemental composition at
the dislocation cores. In Fig. 9d, by comparing the normalized dislocation-
core width andCRSS, we found that they exhibit an approximately negative
exponential relationship, consistent with the classical theory. In all three
alloys, the dislocation-core width is very small, not exceeding b. As pre-
viously discussed, the atomic environment within 2b of the dislocation core
stabilizes after 20,000 simulation steps. Since atoms near the core primarily
determine the core width, the dislocation-core width no longer decreases
after 20,000 steps, resulting in the CRSS converging to a high value.

For screw dislocations, previous studies have shown that they can
spontaneously form kinks in MPEAs even without thermal activation48.
Unlike edge dislocations, which always maintain their configuration to
minimize the line tension throughout the MC process26, the bending of
screw dislocations is actually an adaptation to the surrounding atomic
environment, thereby reducing the dislocation energy. Therefore,webelieve
that the bending of screw dislocations actually reduces the system energy,
leading to their pinning.Here,weuse thewaviness parameter toquantify the
degree of bendingof screwdislocations (see Section “Atomistic simulations”
for details). Figure 10a shows the evolutionof thewaviness parameter for the
screw dislocation in the CrMoNbTaVWmodel during the MC simulation,
indicating that the degree of kinking increases as the simulation progresses.
Moreover, evidence presented in the Supplementary Material Fig. S11
demonstrates that the evolution of the waviness parameter during the MC
process indicates that edge dislocations remain nearly straight. As shown in
Fig. 10b,weperformMCsimulationswithdislocations in all three alloys and
track the evolution of CRSS throughout the MC process. Although similar
pinning trends are observed across the different alloys, the pinning strength

varies significantly. Figure 10c further demonstrates that the CRSS of screw
dislocations is proportional to their waviness. Among the three alloys, the
screw dislocations in the CrMoNbTaVW exhibits the greatest degree of
bending and, consequently, the highest CRSS. In addition, as listed in
Table 3, the greater bending of screw dislocations—compared to edge dis-
locations—results in a larger core region influenced by the dislocation,
thereby involvingmore atoms in determining their strength. It is also worth
noting that in the screw-dislocationmodel discussed earlier, the dislocation
length is about 3.3 nm.By shortening themodel length along the dislocation
line to 1.65 nm, we artificially reduced the possibility of kinking during the
MC process, and found that the pinning strength in screw dislocation is
significantly lower than that of the 3.3 nm dislocations. However, further
increasing the dislocation line length to 6.6 nm does not lead to a noticeable
enhancement in pinning strength (see Figs. S12 and S13 of the Supple-
mentary Material). In fact, while the dislocation tends to bend to adapt to
local low-energy environments, this bending also increases the overall line
length (and thus the energy, as a longer line corresponds to higher energy).
The maximum degree of bending that a dislocation can achieve is deter-
mined by the balance between these two factors. Therefore, except in
extremely short dislocation models, the length of the model has a limited
effect on dislocation bending. As such, the results obtained with the 3.3 nm
model can reliably represent the behavior of longer and even real
dislocations.

Discussion
In the present work, we systematically investigate the strengthening
mechanisms inRMPEAs by analyzing the atomic environments inducedby

Fig. 7 | Effect of special atomic environments induced by dislocations on CRSS.
All data are from the CrMoNbTaVW. aAverage CRSS in different models. b Lattice
distortion in various models. c, d Variation of CRSS with MC-simulation steps in

edge/screw MC models. +X and −X represent applying strains along the positive
and negative directions of the X axis, respectively.
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dislocations and their impacts on mechanical properties. MC simulations
reveal that the atomic environment and the core structure near the dis-
location core play a dominant role in determining the CRSS.

Our results show that the dislocation-core energy of elements, the
elemental mixing energy, and the dislocation-stress field collectively
determine the unique atomic environment induced by dislocations. Since
these three factors intertwine and compete with each other, it is difficult to
separate them for quantitative analysis. For regions in the dislocation core,
we can only qualitatively identify which elements are likely to migrate into
the dislocation-core region and which are likely to be expelled. For regions

outside the dislocation core, the elemental distribution around edge dis-
locations is primarily governed by the presence of missing or extra half-
planes. Notably, for screw dislocations, our results reveal both symmetric
and asymmetric configurations along different orientations. This phe-
nomenon is closely linked to the intrinsic asymmetry of the {112} planes in
BCC structures.

In particular, given the significance of elemental distribution at the
dislocation core revealed by our study, the ability to predict dislocation-
induced SRO at the core for various alloy compositions would significantly
advanceour understandingof alloy behavior. Currently, we canonlymake a
simple assessment basedon the dislocation-core energy of eachelement. For
more accurate predictions, a promising strategy is to systematically explore
combinations of different elements to generate a diverse set of alloy com-
positions, thencalculate the elemental distributionat thedislocation core for
each case and quantify the influencing factors, and use this data to train a
predictive model.

It is also important to clarify that the ordered structures identified in
our study are derived fromMC/MD simulations, which primarily consider
thermodynamic aspects. InMPEAs, atomicdiffusion is generally quite slow.
However, theoretical studies have shown that atomic diffusion and local
rearrangement rates near dislocation cores inMPEAs are exceptionally high
—even moving dislocations during deformation allow sufficient time for
such rearrangements to occur25,28. Therefore, in our research, the role of
kinetics can be simply considered as follows: the closer to the dislocation
core, the more the SRO observed in real MPEAs will resemble our

Fig. 8 | Evolution of elemental concentrations in edge/screw-dislocation cores
during MC simulations. The gray-dashed line represents 20,000 time steps. The
method for region partitioning is described in Section “Partitioning strategy”.

a, b Elemental concentrations in the 0b--2b and 2b--4b regions of the edge-
dislocationmodel. c, d Elemental concentrations in the 0b--2b and 2b--4b regions of
the screw-dislocation model.

Table 3 | CRSS calculated after randomly shuffling atoms
outside the core region

CRSS (MPa)

Core region size Edge Screw

b 5825 ± 313 4634 ± 40

2b 8263 ± 206 5900 ± 196

3b 9027 ± 99 6557 ± 208

4b 8732 ± 238 7095 ± 21

Original values 9253 7622

Each model is calculated 3 times. The unit is MPa. All data is obtained from the equiatomic
CrMoNbTaVW senary alloy.
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thermodynamic simulation results; farther away from the core, SROmay be
more difficult to observe due to kinetic limitations. In contrast, SRO in
perfect crystals is expected to be weaker, which may also be one of the
challenges in directly observing SRO experimentally.

Further simulations indicate that the atomic behavior in the core
region exerts a strong pinning effect on dislocations, which majorly deter-
mines the CRSS value. The process by which a dislocation escapes from a
strong pinning point is intimately associatedwith the yielding phenomenon
of the alloy. Therefore, we focus on the process of a dislocation escaping
from the unique atomic environment that it induces.

For edge dislocations, the core width is fundamentally determined by
the balance between the misfit energy and the elastic-strain energy induced
by the dislocation. In ourmodel, we observe that during theMC simulation,
the dislocation-core width decreases rapidly and then stabilizes, with
occasional slight relaxation. We reason that when low-modulus elements,
such as Nb, enter the dislocation core, they are compressed by the sur-
rounding alloy, causing the core to contract. As the atomic environment in
the core region gradually stabilizes, the core width also becomes stable.
Additionally, excessive local aggregation of Nb may reduce the unstable
stacking fault energy, resulting in the slight relaxationof thedislocation core.

For screw dislocations, we believe that kinking is an adaptation to the
surrounding atomic environment that lowers the systemenergy.The greater
the degree of kinking, the deeper the dislocation is trapped in a low-energy
potential well, making it more difficult to escape. Additionally, the bending
of screw dislocations on non-slip planes further impedes their motion to

some extent. For shorter screw dislocations (less than 1.65nm), significant
kinking is unlikely to occur during the MC process, resulting in a lower
CRSS compared to screw dislocations with greater kinking, though still
higher than that of screw dislocations in the conventional SRO model, in
which the dislocation is inserted after the MC run. This trend may suggest
that, beyond the strengthening effect from kinking, there exists a more
intrinsic strengthening mechanism.

Our simulations offer atomic-scale insights into the strengthening
mechanisms of MPEAs and hold great potential for further narrowing the
gap between experimental observations and theoretical modeling. In the
following, we present recent experimental findings on dislocation behavior
in MPEAs and discuss the applicability of our simulation approach to
related research, as well as the consistency of our conclusions with experi-
mental results at the atomic scale. Furthermore, we discuss some alloy
design strategies in MPEAs based on dislocation-induced ordering
structures.

Recent studies on MPEAs have identified a temperature regime in
which the strain hardening exponent increases with increasing temperature
—a counterintuitive trend attributed to the DSA effect49. In contrast to
conventional alloys, MPEAs display a distinctive PLC effect that evolves
with the number and type of constituent elements, and the additional
strengthening resulting from DSA is even more pronounced25. It is fore-
seeable that our developed ML-IAP and simulation models can be readily
and efficiently extended to related systems, offering valuable insights.
Notably, new theoretical models have been proposed for the PLC effect in

Fig. 9 | Edge-dislocation core and CRSS evolution during MC simulations.
a Distribution of disregistry (blue line) and misfit density (yellow line) around the
edge-dislocation core along the [111] direction at the initial MC step in the
CrMoNbTaVW alloy. b Misfit density of the CrMoNbTaVW alloy at various MC

steps. c Evolution of the CRSS for the three alloys in the edgeMCmodel throughout
the MC simulation. d Relationship between the CRSS and the corresponding nor-
malized dislocation-core width.
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MPEAs25,28. In thesemodels, unlike in traditional alloys, solute atoms do not
migrate from distant regions to the dislocation core; rather, atoms in the
vicinity of the dislocation core rapidly rearrange, frequently reducing the
dislocation energy and leading to temporary pinning—thus producing the
PLC effect. Consistent with this, our simulations demonstrate that the
atomic configuration at the dislocation core almost directly determines the
CRSS, and that these core atoms quickly stabilize during the MC process.

Meanwhile, recent experimental studies onBCCRMPEAshave shown
that edge dislocations can overwhelmingly dominate the plastic deforma-
tion process at room temperature42. Additionally, it has been reported that,
in the CrMoNbV42 and the TiZrHfNbTa41, the dominant dislocation type
may transition from edge to screw during deformation. Specifically, edge
dislocations are predominant in the initial stage, while screw dislocations
gradually take over as deformation progresses41. Intriguingly, our simula-
tions provide an atomic-scale explanation for these observations. We find
that, after annealing, edge dislocations experience significantly stronger
pinning than screwdislocations due to dislocation-induced SRO structures.
This strong pinning effect causes edge dislocations to dominate in the early
stages of deformation, and as the deformation proceeds, edge dislocations
may gradually escape from these pinning sites, allowing screw dislocations
to emerge as the main carriers of plasticity. In contrast to previous inter-
pretations that attributed the dominance of edge dislocations at high tem-
peratures to differences in the temperature sensitivity of slip resistance, our
findings underscore the critical anddistinctive role of SRO-induced pinning
in governing the various stages of plastic deformation.

Lastly, it is noteworthy that recent studies have employed metal-based
3D printing techniques to fabricate MPEAs with intrinsically high dis-
location densities29,30. Upon annealing, these alloys evolve into a dislocation-
precipitate skeleton, thereby enabling a synergistic strengthening mechan-
ism that combines both dislocation and precipitation hardening. This
strategy achieves significant improvements in the strength of MPEAs
without compromising their ductility. Such findings underscore the critical
role of dislocation-induced ordered structures in governing the mechanical
propertiesofMPEAs.Our research contributes to adeeperunderstandingof
the origin, composition, and influence of these dislocation-induced ordered
structures, offering valuable insights for the rational design of next-
generation MPEAs.

In conclusion, this study elucidates the strengthening mechanisms of
RMPEAs at the atomic scale. We developed a new ML-IAP for this senary
system and, by inserting dislocations prior to MC annealing, more realis-
tically captured the evolution of SRO and local atomic environments in the
presence of dislocations, thereby narrowing the gap between experiments
and simulations. Our analysis shows that dislocation-induced atomic
environments are governed jointly by dislocation-core energies, elemental
mixing energies, and the dislocation-stress field, and that the atomic
structure near the core critically determines the CRSS: for edge dislocations,
the core width is the dominant factor, whereas for screw dislocations the
degree of kinking contributes significantly to strengthening. The simulation
framework helps to rationalize multiple experimental observations and
provides practical guidance for predicting dislocation-induced SRO,

Fig. 10 | Screw-dislocation waviness andCRSS evolution duringMC simulations.
a Evolution of the waviness parameter for the screw dislocations during the MC
simulation in the CrMoNbTaVW alloy. Representative snapshots of a pair of

dislocations at selected MC steps are also shown. b Evolution of the CRSS for the
three alloys in the screw MC model throughout the MC simulation. c Relationship
between the CRSS and the corresponding waviness parameter.
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optimizing processing/annealing routes, and designing next-generation
RMPEAs.

Methods
ML-IAP
Our ML-IAP is constructed using the MTP framework50. In this approach,
the total energy is expressed as the sumof contributions fromall atoms,with
the potential energy of each atom determined by its neighboring atomic
environment:

E ¼
X
i

ViðuiÞ ð1Þ

where ui denotes the coordinates of neighboring atoms within the spherical
shell surrounding atom i. The number of atoms considered around the
central atom is determinedby the cut-off radiusRc.Vi is expressedas a linear
combination of a set of basis functions Bl(Ri) and parameters θl:

Vi ¼
Xm
l¼1

θlBlðRiÞ ð2Þ

where the number of functions, m, is selected to balance the accuracy and
computational efficiency. The basis functions B(R) are constructed by
contracting a set ofmoment tensors to a scalar, and themoment tensors are
defined as follows:

Mμ;νðRÞ ¼
X
j

f μRij

O
:::
O

Rij ð3Þ

where fμ represents the radial distribution of the neighboring environment
around an atom, i, and these functions are specified according to the atomic
type of the neighboring atom, j. Rij⨂. . . ⨂Rij are tensors of the rank, υ,
including the angular information about the atomic environment. The
moment tensors, serving as descriptors of the neighboring environment, are
contracted to be rotationally invariant, and the basis functions satisfy all
relevant physical symmetries.

Training data
To accurately capture the interactions among six elements, a large and
diverse dataset is required.However, an excessive amount of datamay result
in overfitting. Thedata categories used for training our potential are selected
based on our previous successful work on binary31, quaternary32, and
quinary24 alloys, which effectively describe dislocation-related properties.
During the training process, we iteratively alternate between fitting and
validation, manually adjusting the weights of different data types to achieve
optimal potential performance. The final optimized training dataset covers
all combinations fromunary to senary systems.Adetaileddescription of the
training data is provided below:

For elemental systems, snapshots were obtained from ab initio mole-
cular dynamics (AIMD) NVT simulations of a 3 × 3 × 3 bulk supercell at
300, 1000, and 3000 K, with additional AIMD NVT simulations at 300 K
performed at 90% and 110%of the equilibrium0 Kvolume. Snapshots were
recordedevery 0.1 ps, yielding 200 snapshots per element. Surface structures
were generated for all surfaces withMiller indices less than 3. Conventional
cell structures under strain, including the ground-state configurations, were
created with strains from −10% to 10% in 1% increments for six different
deformation modes51.

For binary systems, AxB1−x solid-solution structures with randomly
distributed atoms were constructed within a 2 × 2 × 2 supercell for com-
positions x ranging from 0 to 100 at% in increments of 6.25 at%.

For ternary, quaternary, quinary, and senary systems, special quasi-
random structures (SQSs)52 were generated using the ATAT code53 in 3 ×
3 × 3, 4 × 4 × 4, and 5 × 5 × 5 supercells, respectively. Both relaxed and
unrelaxed configurations and snapshots captured during structural opti-
mization were included to improve force prediction, and additional snap-
shots were collected from AIMD NVT simulations of these SQSs at 300,
1000, and 3000 K.

Atomistic simulations
Using atomsk54, we insert an edge dipole or a screw quadrupole in a system
with a random atomic distribution. The reason why a screw dipole is not
used is because it is less stable than a quadrupole. In the present work, we
only investigate dislocations for the 1/2〈111〉{110} slip system. The reasons
for our choice of the dipole/quadrupole model and the relatively short
dislocation line length is provided in the SupplementaryMaterial. The edge-
dislocationmodel is a 11×11×3.3 nm3 cell, using the slipdirection, [111], as
theX-axis, the slipplanenormal, ½110�, as theY-axis, and thedislocation line
direction, ½112�, as theZ-axis. The screw-dislocationmodel is a 11.5 × 11.5 ×
3.3 nm3 cell, using the slip direction, ½112�, as the X-axis, the slip plane
normal, ½110�, as the Y-axis, and the dislocation line direction, [111], as the
Z-axis. Each cell was then relaxed to a physically reasonable configuration.
All atomistic simulations in this paper were performed using Large-scale
Atomic/Molecular Massively (LAMMPS)55 with the newly developed ML-
IAP. Three equiatomic RMPEAs—CrMoNbTaVW, MoNbTaVW, and
CrTaVW—are considered. In what follows, we present the specific para-
meter settings and calculation methods.

Hybrid MC/MD. For each type of RMPEAs, we build an edge-
dislocation model, a screw-dislocation model, and a corresponding
dislocation-free model. The system initially has a random atomic dis-
tribution with periodic boundary conditions applied along all three direc-
tions. It follows that a hybrid MC/MD simulation is performed at 300 K,
while anMC swap between different species is performed only once in each
MD step. The structure is exported every 2000 MD steps for subsequent
calculations.

CRSS. The CRSS is calculated at 0 K using the molecular statics (MS)
method. Periodic boundary conditions are applied along the dislocation line
(Z direction) and the slip direction (X direction), while the direction

Table 4 | Models used for CRSS calculation

SRO Alloy

Edge/screw MC model Dislocations were inserted before performing MC simulations. (Screw dislocations are inserted in the form of quadrupoles, and edge
dislocations are inserted in the form of dipoles. Other models all follow the same dislocation pattern.)

MC edge/screw model MCsimulationswere performed on the perfect crystal, followed by the insertion of edge-dislocation dipoles or screw-dislocation quadrupoles.
(The CRSS calculation was repeated 16 times by inserting dislocations at different positions.)

n × bmodel Selected the edge/screwMCmodel inwhich dislocations had been inserted, and theMCsimulationwas complete. A cylinder of a radius, n×b,
wasconstructed andcenteredon thedislocation line, andonly the atomswithin this cylinderwere retained. For atomsoutside the cylinder, their
elemental types were randomly reshuffled to eliminate SRO structural features in these regions, thereby allowing the analysis to focus on the
effects of the dislocation core and its surrounding atoms.Here,b is themagnitude of theBurgers vector of thematerial, andn is themultiple ofb
used to define the cylinder radius.

Random alloy

Random model Edge-dislocation dipoles or screw-dislocation quadrupoles were inserted into the model with random elemental distributions. (16 different
structures were calculated for each alloy.)
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perpendicular to the slip plane (Y direction) is set as non-periodic. A
displacement-controlled loading mode is employed56, with the top and
bottom boundaries in the Y direction fixed and then subjected to dis-
placement. The same strain increment of 8 × 10−5 is applied to both screw
and edge-dislocation models. The various models used for CRSS calcula-
tions are summarized in Table 4.

Dislocation-core energy. The total strain energy per unit length of a
dislocation within a region can be calculated using the following equation:

EtotalðrÞ ¼
1
Ld

½EsystemðrÞ � NEcohesive� ð4Þ

where Ld is the length of the dislocation line, Esystem(r) is the total energy of
the cylinder with radius, r, and Ecohesive is the cohesive energy. According to
previous studies57,58, the dislocation-core radius is defined as the pointwhere
Etotal-lnr begins to deviate from the linear relationship.Ecore is defined as the
total energy at rc.

Dislocation-corewidth. Since ourmodels use edge-dislocation dipoles,
there are non-negligible interactions between dislocations. In addition, due
to the presence ofmultiple elements in RMPEAs, it is challenging to directly
estimate the dislocation-core size using the methods for calculating the
dislocation-core energy in pure metals. Therefore, we use the
Peierls–Nabarro (P–N)model to characterize the dislocation core spreading
over a finite region along the slip plane. The discrepancy between the two
misfit blocks follows the function as

uðxÞ ¼ ðb=πÞ arctanðx=ζÞ þ b=2 ð5Þ

where ξ is the half-width of the edge-dislocation core.Wedirectly extract the
disregistry u(x) from the core structure to calculate ξ, thereby providing a
more accurate description of the dislocation core’s evolution during the
MC-simulation process.

Lattice distortion. Here, we use the root mean square atomic dis-
placement to represent lattice distortion,

d ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1
N

XN
i¼1

ðri � rideali Þ2
vuut ð6Þ

where N is the number of atoms in the system, ri is the position of atom, i,
and rideali is the ideal position of atom, in the crystal containing the corre-
spondingdislocation. This setup is designed to exclude the distortion caused

by the dislocation insertion itself and primarily focuses on the distortion
resulting from changes in the atomic environment.

Waviness parameters. We use waviness parameters to represent the
degree of a dislocation curvature. The waviness parameters are calculated
using the following equation,

1
N

XN
i¼1

jsi � sj ð7Þ

where si is the position of the dislocation atom, and s is the average position
of all dislocation atoms.

SRO parameters. The formula for calculating the SRO parameters of
the first coordination shell is:

αij ¼ Pij � cj

δij � cj
ð8Þ

where Pij is the probability of finding an atom of type, i, in the first coor-
dination shell of an atomof type j, cj is the concentration of an atom, j, and δij

is the Kronecker delta function:

δij ¼
1 i ¼ j;

0 i≠ j:

�
ð9Þ

For paired atoms of the same species, a positive SRO parameter indicates a
tendency to approach each other, while a negative parameter indicates the
opposite. For paired atoms of different species, the trend is reversed, with a
positive SRO parameter indicating repulsion and a negative parameter
indicating aggregation.

Partitioning strategy
To facilitate the study of elemental aggregation in the local environment, the
original system was divided into distinct regions for the calculation of local
elemental concentrations, SRO parameters, and stress distributions. A
schematic of the initial system and the partitioning strategy is presented in
Fig. 11.

Between dislocations. To capture the local atomic environment
betweendislocations, the simulationboxwasdivided into12 layers along the
Y-axis, each with a thickness of approximately 10Å, with dislocations
positioned between layers 3 and 4, as well as between layers 9 and 10,
respectively. A similar partitioning method is applied along the X-axis.
While screw dislocations are introduced as quadrupoles, only one pair of

Fig. 11 | Schematic of the dislocationmodels and the layering strategy along theX
and Y axes. a Edge-dislocation-dipole model. Position, A, corresponds to the extra
half-plane, and position, B, represents the missing atom plane. b Screw-dislocation-
quadrupole model. Positions, A, B, C, and D, represent different points between

screw dislocations of opposite helicities. The yellow box indicates the region con-
sidered when layering along the X-axis, and the green box indicates the region
considered when layering along theY-axis. c Schematic of the cylindrical region near
the dislocation core, where Rout is the outer radius and Rin is the inner radius.
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dipoles is considered in the analysis due to the symmetry. For instance,when
analyzing along the Y-axis, only the region within the green line is con-
sidered; along the X-axis, only the region within the yellow line is included.
In the edge-dislocation model, position, A, corresponds to the side of the
extra half-plane, while position, B, represents the missing half-plane. In the
screw-dislocation model, positions, A, B, C, and D, denote different loca-
tions between screw dislocations of opposite helicities. Our subsequent
results indicate that these positions are not equivalent.

Near dislocations. To characterize the atomic environment near the
dislocation core, we define an annular cylindrical region centered on the
dislocation line, as shown in Fig. 11c. Since the dislocation may become
wavy during the simulation, the average position of the dislocationwas used
as the axis of the cylinder.

Data availability
All data generated, used, and/or analyzed during the current study are
availableon request fromXiang-GuoLi (lixguo@mail.sysu.edu.cn).TheMTP
potential and its training data have been published in an open repository
(https://github.com/ucsdlxg/CrMoNbTaVW-ML-interatomic-model).

Code availability
The DFT calculations were performed with the Vienna ab initio simulation
package. The training of MTP potential used the MAML (Materials
machine learning) package. The LAMMPS package was used to perform
MD/MC simulations. All the other codes that support the findings of this
study are available from Xiang-Guo Li (lixguo@mail.sysu.edu.cn) upon
reasonable request.
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