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Compared with face-centered cubic metals, twinned nanopillars in body-centered cubic (BCC)

systems are much less explored partly due to the more complicated plastic deformation behav-

ior and a lack of reliable interatomic potentials for the latter. In this paper, the fault energies

predicted by two semi-empirical interatomic potentials in BCC tungsten (W) are first bench-

marked against density functional theory calculations. Then, the more accurate potential is

employed in large scale molecular dynamics simulations of tensile and compressive loading

of twinned nanopillars in BCC W with different cross sectional shapes and sizes. A single

crystal, a twinned crystal, and single crystalline nanopillars are also studied as references.

Analyses of the stress-strain response and defect nucleation reveal a strong tension-

compression asymmetry and a weak pillar size dependence in the yield strength. Under both

tensile and compressive loading, plastic deformation in the twinned nanopillars is dominated

by dislocation slip on {110} planes that are nucleated from the intersections between the twin

boundary and the pillar surface. It is also found that the cross sectional shape of nanopillars

affects the strength and the initial site of defect nucleation but not the overall stress-strain

response and plastic deformation behavior. Published by AIP Publishing.
[http://dx.doi.org/10.1063/1.4982754]

I. INTRODUCTION

Nanocrystalline face-centered cubic (FCC) Cu contain-

ing nanoscale twins, either equiaxially1–3 or epitaxially,4–6 is

known to exhibit ultrahigh strength over its twin-free coun-

terpart while preserving an acceptable level of ductility. The

superior mechanical properties of the nanotwinned Cu are

attributed to both a high dislocation density and significant

barriers to dislocation motion during plastic deformation.7,8

In some nanocrystalline FCC metals, e.g., Pd, twin boundary

(TB) migration is favored over dislocation gliding on slip

planes that are transverse to the TBs; thus, there is a soften-

ing effect due to the presence of twins in Pd.9 Whether a TB

strengthens or softens a certain metal with respect to its

twin-free counterpart also depends on its intrinsic and extrin-

sic dimensions, as well as the geometry.10 For example,

Deng and Sansoz11,12 found that nanoscale twins have no

intrinsic influence on the yielding behavior of Au bicrystals

subject to either compression or tension. In Au nanopillars, a

critical ratio of the pillar diameter to the TB spacing exists,

corresponding to a transition from strain hardening to strain

softening,13 as well as one from TB-induced strengthening

and softening.12 In Cu, there is an optimal height to diameter

aspect ratio for which the twinned nanopillars always have a

higher yield stress than their twin-free counterparts.14 It is

also found that nanotwinned Cu nanopillars with a square

cross section exhibit a more pronounced strengthening effect

due to the existence of twins than for circular cross

sections.15

Compared with FCC systems, nanopillars in body-

centered cubic (BCC) metals are much less investigated.16

Three plastic deformation mechanisms have been identified

in BCC pillars: dislocation slip, twinning, and phase trans-

formation; the dominating mechanism in a given case varies

with the lattice orientation,17,18 loading mode,19 and pillar

cross sectional area.20 Because of the twinning-antitwinning

asymmetry and different dominant plastic deformation

mechanisms, the difference in strain hardening and yield

strength between tension and compression of single crystal-

line nanopillars is more pronounced in BCC than in FCC

metals;21,22 such a difference in BCC Mo depends on both

the diameter and crystallographic orientation relative to the

loading direction.23 In terms of the yield strength, experi-

ments24 and DD simulations25 showed that single crystalline

BCC metals generally exhibit a weaker dependence on the

pillar diameter than FCC metals, which is attributed to the

combined effects of the image stress and the dislocation core

structure.

Most studies in BCC systems (with the exception of

Refs. 22 and 26) do not involve preexisting nanoscale twins,

because their high stacking fault energy (SFE) makes it diffi-

cult to produce nanoscale twins by the growth method.27 On

the other hand, deformation twinning can be prominent in

a)Author to whom correspondence should be addressed. Electronic mail:

shuozhixu@gatech.edu

0021-8979/2017/121(17)/175101/9/$30.00 Published by AIP Publishing.121, 175101-1

JOURNAL OF APPLIED PHYSICS 121, 175101 (2017)

http://dx.doi.org/10.1063/1.4982754
http://dx.doi.org/10.1063/1.4982754
http://dx.doi.org/10.1063/1.4982754
mailto:shuozhixu@gatech.edu
http://crossmark.crossref.org/dialog/?doi=10.1063/1.4982754&domain=pdf&date_stamp=2017-05-02


plastic deformation of some nanocrystalline BCC met-

als.28–31 Commonly used continuum simulations, e.g., dislo-

cation dynamics and the crystal plasticity finite element

method, are unable to capture the atomic-scale TB structure

evolution which is important to model dislocation/TB inter-

actions.32–34 It is therefore desirable to probe the mechanical

properties of nanotwinned BCC structures via atomistic sim-

ulations. To the best of our knowledge, only one recent

molecular dynamics (MD) simulation22 studied nanotwinned

BCC nanopillars, which revealed a tension-compression

asymmetry in the TB spacing-dependent yield strength in

a-Fe. Nevertheless, many issues remain unexplored, includ-

ing how this asymmetry varies with the pillar diameter, the

cross sectional shape, and the existence of TBs, as well as

whether this size dependence in twinned BCC nanopillars is

weaker than that in FCC as in the case of single crystalline

nanopillars.24,25

In MD, it is important for the interatomic potential to

yield correct fault energies related to twinning and disloca-

tion slip to correctly reproduce plastic deformation mecha-

nisms. For example, one challenge in modelling dislocation

slip in BCC metals at low temperatures is the difficulty of

the semi-empirical potentials to accurately predict the energy

barrier of dislocation kink formation.35 Particularly for tung-

sten (W), one of the primary candidate structural materials in

fusion reactors, there are currently more than 30 different

interatomic potentials in the literature.36 Up to this point,

only a few MD studies18,37–39 have been conducted to inves-

tigate W nanopillars, using either the original Finnis-Sinclair

(FS) potential40 or the same potential but with the short

range region modified by Ackland and Thetford41 (referred

to in this paper as the AT potential). Recent density func-

tional theory (DFT) calculations found that these two poten-

tials predict incorrect screw dislocation core/glide path and

underestimate SFEs on {110} and {112} planes,36,42,43 as

well as energies of free surfaces, vacancy migration, and

self-interstitial atom formation.36 Because these quantities

are important in deformation of BCC nanopillars,22 the ques-

tion arises regarding the reliability of the FS and AT poten-

tials in this context.

In this paper, we first calculate stacking fault and pla-

nar fault energies using DFT and two semi-empirical inter-

atomic potentials: the AT potential and an embedded-atom

method (EAM) potential recently developed by Marinica

et al.42 (EAM4 in Ref. 42). It is found that the EAM poten-

tial42 provides more accurate fault energies with respect to

the DFT calculations. Then, we perform MD simulations to

investigate size-dependent plastic deformation of twinned

nanopillars in BCC W subject to both tension and compres-

sion; a single crystal, a twinned bicrystal, and single crys-

talline nanopillars are also investigated as references.

Compared with Ref. 22 in which nanotwinned nanopillars

with a 8.5 nm� 8.5 nm square cross-section were studied,

the twinned nanopillars considered in this paper have a

cross section size up to 70 nm, accessible by experi-

ments,18,44 potentially allowing direct comparison of our

simulations with in situ transmission electron microscope

(TEM) experiments.

II. FAULT ENERGIES CALCULATED BY DFT AND TWO
SEMI-EMPIRICAL INTERATOMIC POTENTIALS

Dislocation slip and twinning in metals are directly asso-

ciated with certain fault energies, including generalized

stacking fault energy (GSFE) on three slip planes: {110},

{112}, and {123} planes, as well as generalized planar fault

energy (GPFE) on {112} planes.37,45 Since DFT has been

employed to calculate the relaxed GSFE on {110} and {112}

planes in W,36,42,46 in this paper, we first conduct DFT simu-

lations using VASP47–49 to calculate the relaxed GSFE on a

{123} plane as well as the relaxed GPFE on a {112} plane.

The projector augmented wave (PAW) method50 is utilized

within the density functional framework.51 The Perdew-

Burke-Ernzerhof52 formulation of the generalized gradient

approximation53 is used with a standard PAW potential for

W containing 12 valence electrons. The wavefunction partial

occupancies are determined by the method of Methfessel

and Paxton54 using a smearing width of 0.2 eV. The cut-off

energy for the plane-wave basis set is chosen to be 450 eV.

A conjugate gradient method is used to relax atomic posi-

tions with an electronic convergence criterion of 10�5 eV

and an ionic convergence is achieved when all forces are less

than 0.02 eV/Å. Spin-polarization was tested and found to be

negligible.

Initially, supercells are created and rotated such that the

glide is along the x direction on the x-y plane. These struc-

tures, each containing 36 atoms, are then relaxed fully for

atomic positions, cell size, and cell shape. A vacuum region

of 12 Å is then added to each supercell, creating a series

of non-interacting slabs in the simulation region due to the

periodic boundaries of the simulation box. Gamma centered

k-point meshes of 15� 2� 1 and 15� 9� 1 are used for the

{123} GSFE and the {112} GPFE, respectively. To obtain

the relaxed GSFE curve, the top half of the cell is shifted

incrementally in the x direction, holding the top two and bot-

tom two layers fixed while allowing for relaxation of the

inner 8 layers in the z direction only. A similar method is

used in the relaxed GPFE curve calculation, except that

6 atoms, rather than layers, are held fixed on the top and bot-

tom while the remaining 30 atoms are allowed to relax in the

z direction, as the shifts are applied.

To assess the accuracy of both EAM and AT potentials,

we calculate the same fault energy curves using molecular

statics simulations55–57 and benchmark them against the

DFT results. Note the lattice parameter a0¼ 3.14339 Å and

3.1652 Å for EAM and AT potentials, respectively. Figure

1(a) suggests that at the interplanar displacement of one par-

tial dislocation bp ¼ ða0=6Þh111i, both potentials predict

that {112} planes have the highest SFE while {110} planes

the lowest, in agreement with BCC Fe.58,59 This suggests

that dislocation slip on {110} planes is the most prevalent

among the three sets of slip planes using these two poten-

tials. The DFT calculations, however, predict that {112}

and {123} planes have the highest and the lowest SFE,

respectively. In addition, the TB migration energy, which

is the difference between the unstable twinning energy cut

and the stable twinning energy ct, is about 5.5%ct (EAM),

0.8%ct (AT), and 2.1%ct (DFT), respectively, as shown in

175101-2 Xu et al. J. Appl. Phys. 121, 175101 (2017)



Figure 1(b). This indicates that TBs are more susceptible to

migration using the AT potential.

We note that the AT potential was fit to the pressure-

volume relation,41 while the EAM potential was fit to the

lattice constants, the cohesive energies, the elastic constants,

the formation energies of a mono-vacancy, and self-interstitial

atom defects with different orientations, as well as ab initio
forces acting on atoms in liquid configurations.42 In other

words, neither potential was fit to the SFEs. Nevertheless, our

results, along with those in the literature,36,42 suggest that the

EAM potential shows a good transferability in yielding more

accurate GSFE and GPFE than the AT potential. For example,

on {110} planes which are the major slip planes in W at low

temperatures,60,61 the SFE at the interplanar displacement bp

calculated by EAM and AT potentials has a relative error of

2% and 47%, respectively, with respect to the DFT result,36

as shown in Figure 1(a). For the GPFE on a {112} plane,

Figure 1(b) suggests that both the EAM potential and DFT

yield unstable structures at displacements 1:5jbpj; 2:5jbpj,
and 3:5jbpj; however, the AT potential predicts metastable

structures at these displacements. Note that similar metastable

structures were found in BCC Mo using the FS potential37

(the AT potential would give the same result because it only

differs in the short range region41), in contrast to the DFT sim-

ulation result in Mo.62 Besides the fault energies, the AT

potential predicts that the FCC structure is not a local maxi-

mum but a saddle point along the Bain transformation path-

way, at odds with the EAM potential and DFT calculations.42

Therefore, the EAM potential42 is considered to yield more

accurate plastic deformation in BCC W and is employed in

MD simulations in the remainder of this paper.

III. MD SIMULATIONS OF PLASTIC DEFORMATION
OF A TWINNED BICRYSTAL AND TWINNED
NANOPILLARS

MD simulations are performed using LAMMPS63 to

study plastic deformation in a twinned bicrystal (Section

III A) and twinned nanopillars (Section III B), respectively.

A Velocity Verlet algorithm with a time step of 2 fs is

employed to update the atomic positions. Each model is first

dynamically relaxed for 10 000 steps under isobaric zero

stress conditions followed by an energy minimization;

then, a homogeneous deformation is imposed by changing

the volume of the simulation box during a dynamic run to

minimize shock waves. A constant engineering strain rate

_e ¼ 6109 s�1 is applied along the z direction until the

uniaxial engineering strain e reaches 60.2. The uniaxial

engineering stress r is calculated following the Virial stress

formulation. Lattice defects are identified by the centrosym-

metry parameter (CSP)64 and the adaptive common neighbor

analysis (a-CNA).65

A. A twinned bicrystal

A twinned bicrystal containing a {112} coherent TB

(CTB) otherwise free of defects is constructed by carefully

specifying lattice orientations in the two grains, i.e., x½110�;
y½1�11�, and z½1�1�2� for the lower grain, and x½110�; y½�111�,
and z½1�12� for the upper grain, as shown in Figure 2(a).

Periodic boundary conditions (PBCs) are applied along

all directions. The simulation cell contains 6 711 708 atoms

and has a size of 47.12 nm� 47.09 nm� 46.97 nm. An NPT

ensemble is employed to maintain a constant temperature of

10 K and zero transverse stresses in the x-y plane during uni-

axial deformation along the z direction. A W single crystal

with lattice orientations of x½110�; y½1�11�, and z½1�1�2� is also

deformed in the same way to provide a reference. While ten-

sile deformation in a W single crystal has been explored by

DFT along certain lattice orientations,66 this is the first MD

work to investigate uniaxial deformation in a single crystal

and a twinned bicrystal in W, to the best of our knowledge.

Stress-strain curves in Figure 2(b) show that for both the

single crystal and the twinned bicrystal, the compressive

loading has a higher strength than the tensile loading.

Snapshots of atomic structures at the yield point are pre-

sented in Figures S1 (supplementary material) and 3, for the

single crystal and the twinned bicrystal, respectively.

Under tensile loading, in a single crystal, full disloca-

tions with Burgers vector ða0=3Þh111i are homogeneously

FIG. 1. (a) Relaxed GSFE on {110}, {112}, and {123} planes along the

½1�11� direction. b and bp are the magnitudes of a full dislocation b ¼ ða0=2Þ
½�11�1� and a partial dislocation bp ¼ ða0=6Þ½�11�1�, respectively, where a0 is

the lattice parameter. DFT data on {110} and {112} planes are from Ref. 36.

(b) Relaxed GPFE on a {112} plane along the ½�11�1� direction. csf, ct, and cut

are the stable stacking fault energy, the stable twinning energy (also the TB

energy), and the unstable twinning energy, respectively.
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nucleated on ð10�1Þ and (011) planes (Figure S1(a), supple-

mentary material), which have the same Schmidt factor

of 0.41. As a result, the critical resolved shear stress is

17.15 GPa, close to the relaxed ideal shear stress (17.52 GPa)

for homogeneous dislocation nucleation in the {110}h111i
slip system calculated by DFT.67 In a twinned bicrystal,

atoms in the vicinity of the TB undergo phase transformation

from the BCC to the FCC structure. Then, full dislocations

with Burgers vector ða0=3Þh111i on {110} planes are nucle-

ated from TBs, as shown in Figure 3(a). At higher strains,

the FCC atoms are transformed back to BCC.

Under compressive loading, in a single crystal, some

planar defects on ð3�3�4Þ planes are homogenously nucleated

upon yielding, as shown in Figure S1(b) (supplementary

material). These defects, not residing on any known slip/twin

planes but close to the {112} twin planes, are a result of

local lattice rotation, similar to the “twinning-like lattice

reorientation” recently discovered in in situ compression of

a submicron-sized single crystalline Mg pillar.68 Note that

(i) across the planes on which these planar defects are

nucleated, no rational crystallographic orientational mirror

symmetry is established and (ii) these planar defects are

nucleated at strain rates of 108–109 s�1. At higher strains,

dislocations on {110} planes are nucleated from these

defects to form a complex dislocation network. In a twinned

bicrystal, the same planar defects are nucleated in the grain

interior, albeit at a smaller strain than that for the single

crystal, corresponding to the first peak stress (labeled by

the black arrow in Figure 2(b)). At higher strains, these

twinning-like planar defects disappear, and the stress contin-

ues increasing until approaching the second peak, when

atoms near the TB begin to have HCP structures, as shown

in Figure 3(b). Later, the HCP atoms are transformed back

into BCC, and dislocations on {110} planes are nucleated

from the TB to form a complex dislocation network.

Our simulation result in the twinned bicrystal in BCC W

is in contrast to that in FCC Cu under tensile loading69 and

in FCC Au under compressive loading,11 in which disloca-

tions are homogeneously nucleated in the grain interior

instead of from TBs. This may be attributed to the fact that

BCC W has a much higher CTB energy (796.8 mJ/m2, see

Figure 1(b)) than FCC Cu70 (22.2 mJ/m2) and FCC Au71

(21.7 mJ/m2). Moreover, the phase transformation, initiated

at the TB in the twinned bicrystal, is not observed in the

single crystal under either tensile or compressive loading.

It will be shown in Section III B that the intermediate

(a)

(b)

FIG. 2. (a) Simulation cell used to study plastic deformation of a twinned

bicrystal in BCC W. It contains 6 711 708 atoms and has a size of 47.12 nm

� 47.09 nm� 46.97 nm along the x, y, and z directions, respectively. (b)

Stress-strain curves of the single crystal (SinC) and the twinned bicrystal

(BiC) under tension and compression along the z direction. The first peak on

the stress-strain curve of a twinned bicrystal under compression is pointed to

by a black arrow and corresponds to the nucleation of the twinning-like pla-

nar defects in Figure S1(b) (supplementary material).

FIG. 3. Snapshots of atomic structures at the yield point in a twinned bicrys-

tal under (a) tensile and (b) compressive loading. Atoms are colored by a-

CNA:65 green are FCC atoms, red are of HCP local structure, white are of

unknown structures, and all BCC atoms are deleted.
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twinning-like planar defects, but not the phase transforma-

tion, plays a role in plastic deformation of twinned

nanopillars.

B. Twinned nanopillars

All twinned nanopillars have either a circular cross sec-

tion (Figure 4(a)) or a square cross section (Figure 4(b)),

with the same gauge length L¼ 140.9 nm. Lattice orienta-

tions in both grains are the same as in the twinned bicrystal.

PBCs are applied along the central axis of the pillars, i.e., the

z direction, while other surfaces are assumed traction free.

The pillar cross section size D (edge length or diameter)

ranges from 5 nm to 70 nm, resulting in models ranging from

178 791 to 44 487 302 atoms, respectively. We remark that

the size of the largest model (L¼ 140.9 nm and D¼ 70 nm)

is among the largest atomistic nanopillar models in the litera-

ture.72 During uniaxial deformation, a Nos�e-Hoover NVT

integrator is used to maintain a constant temperature of 10 K.

Single crystalline nanopillars with lattice orientations of

x½110�; y½1�11�, and z½1�1�2� are also deformed in the same way

to provide references.

The stress-strain curves of the twinned and single crys-

talline nanopillars with a circular cross section are presented

in Figures 5 and S2 (supplementary material), respectively.

For tensile loading, the yield point is defined as the initiation

of lattice defects such as dislocations and twin embryos.

Two cases exist for compressive loading: (i) without buck-

ling, nanopillars are considered to yield when defects are

nucleated prior to the global maximum stress along the

stress-strain curves and (ii) in the presence of buckling, the

global maximum stress is taken as the compressive elastic

buckling strength. We emphasize that while yielding marks

the material instability, buckling characterizes the structural

instability. In the remainder of this paper, the threshold stress

for both types of instability is referred to as the strength.

Snapshots of atomic structures with a circular cross

section under tensile loading for the twinned and single

crystalline nanopillars are presented in Figures 6 and S3

(supplementary material), respectively. In the twinned nanopil-

lars, at e¼ 0.076, full dislocation loops with Burgers vector

ða0=3Þh111i on {110} planes begin to nucleate from the TB/

surface intersections: some dislocations glide into the grain

interior while others along the TB plane. Unlike in the twinned

crystal, the BCC! FCC phase transformation is not observed

in the twinned nanopillars for all diameter D studied in this

paper. Before yielding, the morphology of the nanopillars

remains unchanged (Figure 6(e)); after the nucleation of dislo-

cations, necking occurs near the TB region, and the nanopillars

eventually fail by fracture along the TB plane (Figure 6(f)). In

the single crystalline nanopillars, at the yield point, full dislo-

cations with Burgers vector ða0=3Þh111i on (011) and ð10�1Þ
planes are nucleated from the pillar surface, forming slip

bands, as shown in Figure S3(a) (supplementary material). At

other sites of the pillar surface, partial dislocations emit on

adjacent ð�1�1�2Þ planes, forming twin embryos, as shown in

Figure S3(b). Then, instead of expanding into fully developed

twin plates, the twin embryos produce full dislocation loops on

{110} planes, in agreement with previous in situ TEM experi-

ments.18 Note that (i) the stress-strain curves for different pillar

size D are similar for both single crystalline (Figure 5(a)) and

twinned (Figure S2(a), supplementary material) nanopillars,

and (ii) the size of the twin embryos nucleated from surfaces,

which are not observed in the twinned nanopillars, decreases

with D in the single crystalline nanopillars.

FIG. 4. Simulation cell of nanopillars with a (a) circular and (b) square cross

section. With the same initial pillar length L¼ 140.9 nm, the initial size of

the pillar cross section D ranges from 5 nm to 70 nm. The uniaxial loading is

applied along the z direction.

FIG. 5. Stress-strain curves of the twinned nanopillars with a circular cross

section under (a) tensile and (b) compressive loading.
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Snapshots of atomic structures with a circular cross sec-

tion under compressive loading in the twinned and single

crystalline nanopillars are presented in Figures 7 and S4

(supplementary material), respectively. The BCC!HCP

phase transformation, which is exhibited in the twinned crys-

tal, is not observed in the twinned nanopillars for all diame-

ter D studied in this paper. Instead, the elastic compressive

strain is accommodated by rotation of the lattice in each

grain, as shown in Figure 7(f). At e¼ 0.086, full dislocations

with Burgers vector ða0=3Þh111i on {110} planes are nucle-

ated from the TB/surface intersections and then glide either

into the grain interior or on the TB plane, corresponding to

the second peak stress (Figure 5(b)). As more dislocations

are formed on adjacent {110} slip planes, slip bands are

formed and greatly alter the pillar morphology, as shown

in Figure 6(g). When D¼ 5 nm (i.e., the length-to-diameter

aspect ratio is about 28), however, the nanopillar buckles

at e¼ 0.034, and the uniaxial stress begins to decrease.

Figure 5(b) shows that there is only one peak on the stress-

strain curve when D¼ 5 nm, differing markedly from those

with a larger D, in agreement with previous finite element

analyses.73 Previous MD studies of single crystalline nano-

pillars in Au found that the buckling is common in nanopil-

lars with a large aspect ratio and is affected by the lattice

orientation and the interatomic potential.74–76 In our MD

simulations, Figure 7(e) shows that the lateral displacement

in the x-y plane (parallel to the TB) has a larger component

along the y direction, normal to which the {111} plane has a

higher surface energy, than the {110} plane, which is normal

to the x axis; a similar displacement preference was also

found in previous in situ TEM experiments in single crystal-

line nanopillars in Al with an aspect ratio larger than 6.77 At

e¼ 0.09, dislocations on {110} planes are nucleated from the

TB/surface intersections, corresponding to the threshold of

plastic strain localization. In the single crystalline nanopil-

lars, when D¼ 5 nm, the plastic strain localization is exhib-

ited by nucleation of dislocation slip on {110} planes and

twin embryos on {112} planes from sites on the pillar sur-

face with the largest lateral y-displacement, as shown in

Figure S4 (supplementary material). Similar to the tensile

loading, the twin embryos do not expand to form full twin

plates but serve as dislocation sources to produce full dislo-

cations on {110} planes. In both single crystalline and

twinned nanopillars, (i) the difference between the stress-

strain responses for varying D is more pronounced in com-

pressive loading than in tensile loading (Figures 5 and S2

(supplementary material)), (ii) when D> 5 nm, the buckling

is negligible, and the twinning-like planar defects are nucle-

ated in the grain interior, corresponding to the first peak on

the stress-strain curves, and (iii) when D¼ 5 nm, the planar

defects are not observed.

FIG. 6. Snapshots of atomic structures in the twinned nanopillar with a cir-

cular cross section (D¼ 40 nm) under tensile loading. In ((a)–(d)), atoms are

colored by CSP;64 those with a CSP smaller than 1 are removed. In

((a)–(d)), full dislocation loops with ða0=3Þh111i Burgers vector on {110}

planes are nucleated from the intersections between the CTB and the pillar

surface. CTB dislocations are marked by a red arrow in (c). (e) Before yield-

ing, the morphology of the nanopillars remains unchanged. (f) After yield-

ing, necking occurs near the CTB region, and the nanopillars eventually fail

by fracture along the CTB plane. The CTBs in ((e)–(f)) are marked by dashed

lines. Views in ((a)–(d)) and ((e)–(f)) are given near (b) and (f), respectively.

FIG. 7. Snapshots of atomic structures in the twinned nanopillar with a cir-

cular cross section under compressive loading. In ((a)–(d)) and ((f)–(g)),

D¼ 40 nm; in (e), D¼ 5 nm. In ((a)–(e)), atoms are colored by CSP;64

those with a CSP smaller than 1 are removed. In (a–e), dislocations on

{110} planes are nucleated from the intersections between the CTB and

the pillar surface, corresponding to the yielding in ((a)–(d)) and the thresh-

old of plastic strain localization in elastic buckling in (e). CTB dislocations

are marked by red arrows in (c). The CTBs in ((e)–(g)) are marked by

dashed lines. Views in ((a)–(d)) and ((e)–(g)) are given near (b) and (g),

respectively.
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To investigate the effects of the pillar cross sectional

shape, which was shown to play an important role in the

deformation response of nanosized samples,78 both single

crystalline and twinned nanopillars with a square cross sec-

tion (Figure 4(b)) are deformed in the same way as those

with a circular cross section. We remark that while MD sim-

ulations of the effects of the pillar cross sectional shape have

been conducted in FCC metals79 and Si,80 they have not

been pursued in BCC metals, to the best of our knowledge.

Figure 8 shows that full dislocations on {110} planes prefer

to nucleate from the 90� corner which has a smaller activa-

tion volume than an atomically flat side.81 Moreover, for the

same cross section size D, nanopillars with a square cross

section (Figure S5, supplementary material) have a lower

strength, a lower flow stress at e¼ 0.2, and a lower Young’s

modulus than those with a circular cross section (Figure 5),

in agreement with previous MD simulations of single crys-

talline nanopillars in FCC Cu79,81 and in situ experiments in

single crystalline pillars in W.61

Figure 9 presents the strength rY as a function of the

nanopillar size D, in cases of tension/compression, circular/

square cross section, and single crystalline/twinned nanopil-

lars; values of rY in the single/twinned crystals are plotted

as references. It is found that for the same loading mode

and pillar size D, (i) the twinned nanopillars have a lower

strength than their single crystalline counterparts (due to the

absence of the TB in the latter) and (ii) the strengths of the

nanopillars are generally lower than those of the correspond-

ing crystals. In comparison, in situ TEM experiments for

W found that the strength of nanopillars, taken at 0.2% off-

set, is only about 2%–4% of the ideal strength.82 In a recent

high resolution TEM experiment of a bicrystalline nanopillar

with a circular cross section (D¼ 21 nm) under [112] com-

pression, the strength, taken when dislocations are simulta-

neously nucleated from multiple sources, is 17.56 GPa,18

which is about 41% of the ideal strength. In addition, the

shape of the stress-strain curves for nanopillars obtained by

MD (in this work and elsewhere17,22,79,83) is very different

from those measured in experiments.21,23,44,61,82,84 In partic-

ular, significant strain hardening is present following yield-

ing in experimental deformation of BCC pillars85 but not in

the corresponding MD simulations.17,22 Therefore, it is diffi-

cult to extract the “flow stress” from the MD results in a

manner consistent with that in experiments. However, we

note that under compressive loading, the flow stresses at

e¼ 0.2 for the twined nanopillars (Figure 5(b)) are much

higher than those for the single crystalline nanopillars

(Figure S2(b), supplementary material). This suggests that,

compared with their twin-free counterparts, the twinned

nanopillars better resemble experimentally studied nanopil-

lars which usually contain pre-existing dislocation sources.

When D> 5 nm, the present work in W and previous MD

studies of single crystalline nanopillars in Fe20,86 suggest that

the strength rY varies little with D, in contrast to experiments

which revealed a logD dependence of the strength for single

crystalline BCC pillars.82 For the same D, the strength is

tension-compression asymmetric. Specifically, (i) in the single

crystalline nanopillars, the compressive loading always has a

higher rY than the tensile loading, in agreement with previous

in situ experiments of W single crystalline nanopillars under

h100i loading,82 and (ii) in the twinned nanopillars, the

strength under compressive loading is lower than that under

tensile loading. Note that the tension-compression asymmetry

in BCC metals is mainly attributed to dislocations on {112}

planes as opposed to those on {110} planes.21 This explains

why the asymmetry is more pronounced in the single crystal-

line pillars, where partial dislocations and twin embryos on

{112} planes exist, than in the twinned pillars, where only full

dislocations on {110} planes are nucleated.

It is useful to compare the MD simulation results in the

literature with those based on experiments of nanopillars in

BCC metals. To the best of our knowledge, (i) there is no

experimental study of the twinned BCC nanopillars and (ii)

with the exception of Ref. 18, most in situ TEM experiments

FIG. 8. Snapshots of atomic structures in the twinned nanopillar with a

square cross section (D¼ 40 nm) under both tensile and compressive load-

ing. Atoms are colored by CSP;64 those with a CSP smaller than 1 are

deleted. Dislocations on {110} planes are nucleated from the intersections

between the CTB and the pillar surface.

FIG. 9. Strength rY as a function of nanopillar cross section size D, in cases

of tension (T)/compression (C), circular/square cross section, and single

crystalline (SinC)/twinned bicrystalline (BiC) nanopillar. Horizontal dashed

lines are the strengths of a single or twinned crystal subject to different load-

ing modes, distinguished by color.
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involve BCC nano/micropillars with a cross sectional diame-

ter larger than about 100 nm. Therefore, only indirect com-

parisons in single crystalline or bicrystalline nanopillars

can be made in BCC metals between MD simulations and

experimental results. In W, Fe, Ta, and Mo, some MD simu-

lations37,83 in a wide range of temperatures (up to 1500 K)

show that a h100i-oriented nanopillar with a square cross

section exhibits pseudoelastic mechanical twinning by a

reversible twinning mechanism during tensile loading, in

agreement with TEM measurements conducted on a h100i-
oriented W bicrystalline nanopillar at room temperature.18

Other MD simulations in Fe, using different interatomic

potentials, predict that the plastic deformation of h100i-
oriented nanopillars is dominated by dislocation slip87 or

phase transformation.88,89 However, phase transformation

has not been reported in any experimental work in Fe pillars.

MD simulations for h110i-oriented Fe nanopillars predict

that the compressive plastic deformation is dominated by

twinning17 or phase transformation,90 while only dislocation

slip has been reported in experiments.91–93 Clearly, there

exist quantitative differences between MD simulations and

experimental results in plastic deformation of nanopillars.

IV. CONCLUSIONS

In this paper, we first benchmark the fault energies pre-

dicted by two semi-empirical interatomic potentials against

DFT calculations to shed light on the reliability of using

these potentials to describe plastic deformation in BCC W.

Then, the more appropriate potential, i.e., the EAM potential

developed by Marinica et al.,42 is employed to investigate

tensile and compressive deformation of twinned nanopillars

with different cross sectional shapes (circular or square)

and sizes (5 nm to 70 nm) using large scale MD simulations.

A single crystal, a twinned bicrystal, and single crystalline

nanopillars are also studied as references. Stress-strain

responses and defect nucleation/evolution are explored.

It is found that (i) in the single crystalline nanopillars,

dislocation slip on {110} planes and twin embryos on {112}

planes nucleated from the pillar surface dominate plastic

deformation, (ii) in the twinned nanopillars, the onset of

plasticity is exhibited by the nucleation of {110} dislocations

from the TB/surface intersections, (iii) under compressive

loading, both single crystalline and twinned nanopillars with

cross section size D¼ 5 nm buckle, (iv) when D> 5 nm, the

strength rY exhibits a weak dependence on D under both ten-

sile and compressive loading, (v) for the same cross sectional

size/shape, a strong tension-compression asymmetry in rY is

exhibited in that the compressive strength is higher and

lower than the tensile strength in the single crystalline and

twinned nanopillars, respectively, (vi) for the same loading

mode and D, the twinned nanopillars have a smaller tension-

compression asymmetry and a higher flow stress than their

twin-free counterparts, (vii) nanopillars with a circular cross

section have a higher strength, a higher flow stress, and a

higher Young’s modulus than those with a square cross sec-

tion, and (viii) the cross sectional shape of the nanopillars

affects the initial sites of defect nucleation but not the overall

stress-strain responses and defect nucleation.

While qualitative agreement is obtained between the

present MD simulations and in situ TEM experiments, there

exist quantitative differences that may be attributed in part to

the much higher strain rate (109 s�1) employed in MD com-

pared to those (10�3�10�1 s�1) in experiments,94 as well as

scarcity of dislocation sources other than the TB and the

accuracy of the interatomic potentials used in MD. Future

work includes employing time-scaling atomistic methods95

to explore plastic deformation of twinned nanopillars at

much lower strain rates and with a varying TB spacing.

SUPPLEMENTARY MATERIAL

See supplementary material for Figures S1–S5.
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